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Abstract

Since the first discovery of amorphous alloys in 1960, researchers have explored many
unique mechanical, magnetic, and optical characteristics of such materials for potential
applications. Up to now, well-developed processes, such as rapid quenching, sputtering,
evaporation, pulse laser deposition, etc, have been applied for different applications in
micro-electro-mechanical systems (MEMS). Due to the lack of ordered structure, amorphous
alloys can bear a high stress in the elastic region. Their plastic deformation stability is also of
interest and has been widely studied. The shear-band characteristic, a kind of inhomogeneous
deformation mechanism, dominates the deformation after yielding at room temperature.
While a shear band nucleate, its propagation usually cannot be arrested or stopped. In other
words, the occurrence of matured shear bands needs to be prevented. There are two major
approaches in this aspect. The first is to increase the material yield strength so as to delay the
shear band nucleation. Another is to incorporate intrinsic or extrinsic particles so as to absorb

the kinetic energy of shear bands in the amorphous matrix.

In this study, we utilize three strategies to control the propagation of shear bands in thin
film metallic glasses (TFMGs): sub-T, annealing, the addition of strong element in solute
form, and the introduction of strong nanocrystalline layers. For sub-T, annealing, the base
alloy system is ZrgoCus;, with a base film hardness of 5.1 GPa measured by nanoindentation.
After annealing, the hardness exhibits ~30% increase. Without the occurrence of the phase
transformation, as confirmed by X-ray diffraction, the possible reaction during sub-T,
annealing is attributed to structural relaxation, not crystallization. The full width at half
maximum of the X-ray peak exhibits a decreasing trend in the using X-ray and transmission

electron microscopy diffraction, meaning the excess free volumes forming during

xXvii



vapor-to-solid deposition process would be annihilated by localized atomic re-arrangement.
Moreover, the formation of medium-ordering-range clusters was confirmed utilizing
high-resolution transmission electronic microscopy. The denser amorphous structure leads to

the increment of hardness.

For the addition of Ta in ZrssCus;Ti4, sputtering provides a wide glass forming range
with solubility of Ta approaching ~75 at%. With increasing Ta content, the elastic modulus
and hardness increase slowly. A steep rise occurs at ~50 at% of Ta. Up to 75 at% of Ta, the
elastic modulus and hardness approaches 140 GPa and 10.0 GPa, respectively (100%
increment). Up to now, Ta-rich TFMGs exhibit the highest elastic modulus and hardness
among all amorphous alloys fabricated using vapor deposition techniques. The irregular
increase is attributed to the formation of Ta-Ta bonding. A large quantity of Ta bonds would
lead to the formation of Ta-rich nanoclusters, drastically decreasing the strain rate while shear
band propagates under nanoindentation and microcompression tests. The introduction of
nanocrystalline Ta layers can not only effectively enhance the yield strength but also serve as
the absorber for the kinetic energy of shear bands, revealing ductility in the

microcompression test.
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Chapter 1 Introduction

1-1 Amorphous metallic alloys

Amorphous alloys are a kind of metallic materials with disordered structures. The
structure of amorphous alloys displays as a random structure which consists of a short-range
order structure, as shown in Fig. 1-1, in contrast to the structure of crystalline materials
showing a long-range order in repeating unit cells, as shown in Fig. 1-2 [1]. According to the
appearance and thermodynamic characteristics of these materials, amorphous metallic alloys

are also called as liquid metals, glassy metals, non-crystalline metals, or metallic glasses.

As people know, the rapidly quenching method from the liquid to solid phase is the most
popular way to synthesize amorphous alloys in forms of ribbons, bulks, or powders. This
principle is based on the solidification through a sufficiently high cooling rate in order to
freeze the amorphous structure of liquid. At the initial stage, it is considerably difficult to
reach such a high cooling rate about 10" K/s. However, a novel method that can reduce
effectively the critical cooling rate (lower than 10° K/s) to fabricate bulk metallic glasses was
discovered during 1980s by adding the third element into the original binary system. The
amorphous alloys are very suitable for the increased demand to resist the severe

environmental situations because of their particular properties.

The disordered structure is different from the crystalline structure with the same
construction in repeating unit cell. The interval between atoms to each other is called the free
volume. Due to the lack of the long-range-order structure, amorphous alloys exhibit the shear

band deformation mechanism. In addition, other characteristics, such as lower Young’s
1



modulus, higher tensile strength, higher electric resistance, and excellent gas absorption

ability, and etc, are widely focused.

Recently, to achieve the ultimate goal of the light and tough engineering application, the
amorphous alloy is considered to be a potential material. Inoue’s group [2] produced ternary
and multi-component bulk metallic glasses for structural or functional applications, such as
protective coating. The outshape of Vertu, the famous cellphone of Nokia, is coated by
liquid-metal alloys, as shown in Fig. 1-3 [3]. Owing to the trend of microminiaturization in
the electronic industry, high strength and tough thin films metallic glasses with excellent
superplastic formation ability are very suitable for the enclosures of electrical parts. Up to
now, the Pd-based and Zr-based metallic glass thin film is developed as a microactuator and

nanopatterning, as shown in Figs. 1-4 [4] and 1-5 [5], respectively.

1-2 Characteristics of bulk metallic glasses (BMGs) and thin film metallic

glasses (TFMGs)

During the last decade, bulk metallic glasses (BMGs) fabricated by liquid-quenching
were widely focused. Considering the hurdle in processing, the biggest problem of the
fabrication in using the rapidly quenching method is to achieve an enough cooling rate
(greater than 10° K/s). However, Inoue [6] solved this problem using the following rules for
the synthesis of amorphous alloys:

(1) Multi-component systems consisting of more than three elements,

(2) Significant difference in atomic size ratios above 12% among the three main

constituent elements,

(3) Negative heats of mixing among the three main constituent elements.



The third element replacement for partial or complete substitution by Gd, Ni, or Y in the
Mg-Cu system is an important and valid way to solve the problem in fabrication and the
diameter enlargement of BMGs [2,7]. In addition to the advantages mentioned above, adding
the third or more elements into an alloy system is able to adjust the properties of BMGs for

some particular applications.

Contrary to liquid quenching, vapor quenching is also a potential way for the fabrication
of amorphous alloy through providing a higher cooling rate than that of liquid quenching.
The development of vapor deposition technique for the fabrication of amorphous alloys was
started at the 1960s [8]. Utilizing physical vapor deposition, such as evaporation and
sputtering, the amorphous alloys can be also fabricated. Compared with TFMGs, the rapidly
quenching method through liquid-solid route for bulk or ribbon of metallic glasses is mainly
limited to the intrinsic nature of materials and the cooling rate in process. Sputtering and
evaporation provide a wider glass forming range and a high cooling rate. Two main ways for
the fabrication of TFMGs are listed below:

(1) Direct methods: co-sputtering and alloy sputtering,

(2) Indirect methods: annealing-induced and stress-induced amorphization.

The direct methods are similar to the liquid quenching method for BMGs. In the
co-deposition process, the TFMGs could be fabricated with an enough fast cooling rate
(above 10° K/s), such as the success for the binary Al-Fe [9] and Au-La [10] systems.
However, TFMGs can be produced in using the alloy deposition technique with a lower
cooling rate by adding the third or more elements. The Zr-Cu-Al [11], Zr-Cu-Al-Ni [12] and
Pd-Cu-Si [13] TFMGs are successful cases in using the alloy sputtering process. The
annealing-induced process is a potential method for a large mount of the continuous

fabrication with lower cost and high reliability. Although the stress-induced amorphization,
3



such as cold rolling and ball milling, is a well-known way for the modification of materials,
the mechanism and phenomena will not be discussed particularly because this is not the

emphasis in this thesis.

1-3 Mechanical properties and responses of amorphous alloys from

microscope aspect

Due to the lack of crystalline structure, the mechanical properties and responses of
amorphous alloys are also different from that of crystalline alloys. The yielding strength of
amorphous alloy is close to ideal strength (~10/G) [14], where G is shear modulus. This
result implies that the strength of metallic glasses is determined solely by the chemical
bonding force between the constitutive atoms, similar to the result for defect-free crystals. In
principle, such results are unexpected from the known deformation models of metallic glasses,
in which the yielding is controlled by the intrinsic defects (free volumes) and the initiation of
shear transformation zones (STZs), rather than by the inter-atomic chemical bonding in

perfect crystals.

From the microscope aspect, the plastic deformation is not attributed to the dislocation
in crystalline materials. Up to now, there are several theories to describe the deformation
mechanism of amorphous alloys [14]. The well-known one is the STZ model [15], indicating
shear deformation occurs by spontaneous and cooperative reorganization of a small cluster of
randomly close-packed atoms as shown in Fig. 1-3. During compressive tests, a lot of shear
transformation zones would form along the shear plane with the largest shear stress and
induce the shear event, called as shear bands. The overall plastic deformation roughly can be

attributed to the cooperative movement along the same direction.



1-4 Purpose and motive of this research

Amorphous alloys are potential materials for MEMS and other applications for some
functional purposes, such as good wear and corrosion resistance, high hydrogen-storage
ability, and antibiotic coating, etc. Inoue [7] have reported various BMG systems, such as Fe-,
Co-, Zr-, Pd-, and Mg-based systems, and their applications since 1980. Reducing the critical
cooling rate by the addition of alloy elements is able to modify the thermal, mechanical,
electric or magnetic properties. Though BMGs have excellent properties, they might be hard
to be made as micro- or even nano-components in MEMS devices. The thin-film technique
for MEMS has been used in metallic glasses since 1980s. The large-area thin films with

uniform-distribution of the composition and the structure are able to be fabricated.

In this study, thin film metallic glasses consisting of zirconium, copper, titanium, and
tantalum will be fabricated. The amorphous ZrCuTi and ZrCuTiTa alloy thin films are
fabricated utilizing the co-sputtering. Due to the positive heat of mixing in Zr-Ta (+3 kJ/mol),
Cu-Ta (+2 kJ/mol) and Ti-Ta (+1 kJ/mol), Ta is a suitable element for our purpose. Tantalum
will serve as solute atoms in the amorphous matrix without the precipitation of the
intermetallic compounds. Amorphous Zr-Cu-Ti/nanocrystalline Ta nano-laminates are
fabricated by alternative deposition. There are three different approaches to enhance the
mechanical properties, listed below:

(1) Strengthening of TFMGs by structure relaxation of Zr-Cu-Ti fully amorphous

TFMGs via sub-T, annealing, where T, is the glass transition temperature.

(2) Strengthening of TFMGs by addition of immiscible tantalum to form possible

phase separation,

(3) Strengthening of TFMGs by multilayer thin films design for the Zr-Cu-Ti/Ta thin

film nano-composites.



In terms of the first type, the sub-T, annealing is the major effect, influencing the
mechanical properties and responses. In the second type, the component of the bonds is
changed by adding the different amounts of tantalum. The final type is designed as the
nanolaminate form, which can not only provide the interface influence but also the high
strength of tantalum in the third type. The mechanical properties of TFMGs are tested and
compared by several kinds of mechanical tests, such as nanoindentation and
microcompression testing. Finally, we discuss the advantages and disadvantages among these

methods for strengthening of amorphous alloys.



Chapter 2 Background and Literature Review

2-1 Evolution of amorphous alloys

2-1-1 Evolution of bulk and thin film metallic glasses

In 1960s, Klement et al. [16] developed firstly the splat quenching method to fabricate
the Au-Si amorphous alloy in avoiding crystallization during solidification. Owing to the
unique characteristics of the amorphous structure, this method generated wide interests of the
new type alloy among scientists and engineers. In 1969, Chen and Turnbull [17] successfully
synthesized an amorphous alloy of the Pd-Si-X (X= Ag, Cu or Au) ternary system. A few
years later, Chen [18] fabricated the Pd-T-Si (T= Ni, Co or Fe) ternary amorphous alloy in
using the die casting and roller-quenching method, and the maximum diameter of BMGs was
I mm. They also analyzed effects of the alloy systems and compositions by the
thermodynamic calculation. As the replacement atoms increased, the arrangement of atoms

was more random. The glassy metal was more easily to form.

Other potential processes for fabrication were published since early 1980s. In 1983,
Schwarz and Johnson [10] fabricated first the La-Au TFMG by the solid-state reaction.
Furthermore, they found the broad hump from 25° to 45° by X-ray diffraction (XRD) with Cu
Ko radiation, representing the formation of amorphous structure. After 1983, more alloy
systems were fabricated by evaporation and sputtering. In 1986, Cotts et al. [19] successfully
fabricated the Ni-Zr multilayer thin films via sputtering, and observed the amorphization of
crystalline metallic thin film by differential scanning calorimetry (DSC) at a constant

temperature scanning rate of 10 K/min. The formation of amorphous phase means that it is
7



the intermediate state from crystalline phase to intermetallic compound. In the beginning of
1980s, Kui et al. [20] produced firstly the Pd-Ni-P bulk metallic glass with 5 mm diameter by
the heating and cooling cycle. They used this method which may decrease the homogeneous
and heterogeneous crystalline nucleation rate, and successfully improved the BMG maximum

diameter from 5 mm to 10 mm by processing the Pd-Ni-P melt in a boron oxide flux.

In addition to rapid casting and solid-state reaction, as mentioned above, sputtering
provides another process to fabricate the amorphous alloys. Chen et al. [21] rapidly fabricated
the amorphous Al-Fe, Bi-Fe and Bi-Ti alloys via co-sputtering in 1988. The thin film was
deposited on the NaCl substrate cooled by liquid nitrogen. In late 1980s, Inoue’s group [7] in
Tohoku University of Japan developed many new multi-component bulk metallic glass
systems with the lower cooling rate in Mg-, Ln-, Zr-, Fe-, Pd-, Cu-, Ti- and Ni- based systems.
Amorphous alloys started to be popularly noted and studied due to the overcoming of the

critical problem in fabrication.

In 1996, Dudonis et al. [22] produced the amorphous Zr-Cu TFMGs by co-sputtering.
They first discussed the structure by change deposition factors, such as the working pressure,
the substrate temperature. Besides sputtering, the thin film metallic glasses can be fabricated
via another deposition process, such as pulse laser deposition. Comparing the sputter
deposition and pulse laser deposition, the major difference is the kinetic energy with the
incident atoms. The greater kinetic energy of the incident atoms would induce the formation
of the metastable amorphous phase. Moreover, some immiscible alloy systems, such as Fe-Zr
and Co-Zr, can be fabricated using pulse laser deposition. For example, Krebs et al. [23]
pointed out that the amorphous phase in these binary (Fe, Co, Cu)-Zr, Cu-Ti and Fe-Nb

systems would form in the middle concentration range.



Near 2000, Akira’s group [11,13] at Precision and Intelligence Laboratory developed the
Zr-Cu-Al and Pd-Cu-Si ternary TFMGs, fabricated by alloy sputtering, for MEMs application.
The benefit of alloy sputtering is that the deviation of composition between target and
as-deposited films can be neglected. Moreover, because of a large super-cooled region,
excellent three-dimension forming ability, good corrosion resistance and mechanical
properties, the Zr- and Pd- based TFMGs are appropriate choices for the conical spring linear

micro-actuator in MEMS. This report opened the TFMGs application in the MEMS industry.

Annealing-induced full amorphization in multi-component monolayer thin films was
reported by Chu et al. [12] in 2004. The Zr-Al-Cu-Ni crystalline thin film was annealed under
argon atmosphere at the heating rate of 40 K/min and the holding time of 60 s at the
temperatures range from 550 to 950 K. The crystalline phase transferred to the metastable
amorphous phase due to the atomic inter-diffusion. Compared with direct fabrication methods
of TFMGs, this method can save much energy and cost because this method does not need to
maintain the very low temperature of the substrate. Thus, the post-treatment methods to

fabricate TFMGs are potential processes with the convenience and low cost.

After one year, Inoue’s group [4] fabricated the nano-device by the nano-scale pattering
technique. The Zr-Al-Cu-Ni TFMGs were deposited by magnetron sputtering. The
nano-pattern on Zr-based TFMGs was produced by the focus ion beam (FIB) technology.
This nano-pattering technology may be applied to fabrication of nano-mold and high-density

memories.

Many researchers have reported evolution and improvement of TFMGs fabrication by a
wide margin since 1960s. Because of the application of TFMGs in MEMS, several important

properties, such as the electric resistance [24], hardness [25], fracture phenomena [26],
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reliability [27] and mechanical properties [13,28], were noticed and researched. Due to the
absence of defects, the size effect is the major factor which leads to different properties
between bulk and thin-film specimens. When the dimension of a crystalline material becomes
as small as they can in MEMS, the intrinsic length scales, such as the grain size and
dislocation structure, are no longer small in comparison with the geometric dimensions of the
material, which can cause reliability problems of the microcomponents. The research of
Zhang et al. [29] reported the deformation behavior of free-standing Pd-based TFMGs in
2005. As the results of the bending test, as-deposited films revealed ductility due to the
existence of shear bands. After annealing, ductility might transfer to the brittleness because of

the absence of shear bands.

In conclusion, it is ready to enter a more mature stage since amorphous alloys started to
develop in 1960. Multi-component bulk metallic glasses produced by Inoue’s group in using
the liquid-quench method have excellent mechanical properties, the superplastic formation
ability and thermal stability. Due to these advantages, amorphous alloys can be used in bulk
application easily. The outer shape of amorphous alloys is able to strengthen the resistance to
severe circumstance. However, deposition techniques, providing a convenient way to
fabricate TFMGs with uniform thickness, composition and smooth surface, are potential
materials as MEMS parts because it is fast, low-cost, and very easy to control the
composition and morphology. Furthermore, all kinds and shapes of materials are easy to be

coated with an amorphous thin layer for improvement of properties.

2-1-2 Glass forming ability (GFA)

For the phase transformation of amorphous alloys, the crystallization path from

amorphous phase to crystalline phase is shown in Fig. 2-1. In the case of the liquid-quenching
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process, due to the complication of multi-component alloy systems, many empirical criteria
were announced to characterize the glass-forming ability (GFA) thermal stability. The design
of alloy system, and evaluation and prediction of properties can become easier, effective, and
more economic. Considering the effect thermodynamic and dynamic effect during quenching,
four popular criteria were announced:
(1) Supercooled liquid range, ATy (= Tx - T, where Ty and T, are the onset
crystallization temperature and the glass transition temperature, respectively) [30],
(2) Reduced glass transition temperature, T, (= Ty/Ti, where T; is the liquidus
temperature) [31],
(3) v ETAT+T)) [32],

4 1m (= QT-TY/T) [33].

First, ATy is the first criterion of GFA and popularly used as an index of the thermal
stability. As illustrated in Fig. 2-1, amorphous alloys exhibit the nature of ideal Newtonian
fluid which is very suitable for forming [32]. The large ATy value indicates that the disordered
structure can exist in a wide temperature range without crystallization. This implied the
resistance for crystallization and growth of crystalline phase [34]. However, ATy is a rough
parameter which does not consider any crystallization mechanism during cooling and heating
process. Second, ratio of Ty/T; was introduced for pure kinetic reactions associated with the
need to avoid crystallization. Ty, (= Ty/T)) is typically assumed to be less dependent on
compositions, while T often decreases more strongly. The interval between T; and T, thus
generally decreases and the value of T, increases with increasing alloying concentration so
that the probability of being able to cool through this ‘dangerous’ range without

crystallization is enhanced.

Therefore, a new parameter y based on T,/(T,; + T;) was announced by Lu and Liu [32]
11



in 2002. As Lu and Liu mentioned in the article, y is more suitable and accurate to evaluate
glass-forming abilities of alloy systems because of completely consideration of thermal
stability and resistance to crystalline, as shown in Fig. 2-2 [35]. Besides, it also has a relation
with the critical cooling rate (R.) and critical specimen thickness (Z.), and the relationship has

been formulated as follows:

R, =5.1x10"" exp(-117.19y) (2-1)

Z,=2.80x10"exp(41.70y), (2-2)

In 2007, Du et al. [33] reported the modified glass forming parameter (y,,) to predict the
glass forming ability. The modified GFA parameter emphasizes on the relationship between
the liquid phase stability and the crystallization resistance. In other words, the glass forming
ability of the unknown systems can be easily to predict by utilizing the measurement of the
thermal properties in alloy design. Compared with the liquid-quenching process, these
empirical rules usually can not work. The reason is that the greater cooling rate in

vapor-quenching leads to a larger glass forming range than that in liquid-quenching.
2-1-3 Fabrication of amorphous alloys

Fabrication processes of amorphous alloys may be divided into two processes:

(1) Quenching processes: splat quenching, chill block melt spinning (CBMS), planar
flow casting (PFC), spray forming, conventional metallic mold casting, high
pressure die casting, pulse laser deposition (PLD), sputter deposition, and
evaporation deposition [36].

(2) Solid-solid amorphization (SSA) which occurs only in solid phase: annealing, ion
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implantation, ion beam mixing, mechanical alloying (MA), and accumulative roll
bonding (ARB).
Generally speaking, amorphous phase in alloys is the meta-stable state compared with the
alloy of the same composition. To get the metastable structure, the quenching processes can

freeze the liquid or vapor structure from the liquid or vapor to solid, respectively.

As noted, the production of amorphous films requires very high cooling rates which can
be reached by the increment of the contact surface with heat sinker and the
container/substrate with a low temperature. Utilizing the quenching process, the metastable
structure can be frozen preventing from diffusing into equilibrium lattice sites. To reach a
sufficient cooling rate, liquid nitrogen or helium is usually used. In mid-1950s, Buckel [37]
fabricated amorphous films of pure metals, such as Ga and Bi, by thermal evaporation onto
the substrate maintained at the liquid helium temperature with the fast cooling rate above 10"
K/s. Because the cooling rate was too hard to reach, the fabrication of the amorphous alloys

became easier after the multi-component alloy system reported in 2000.

The splat quenching method was first announced by Klement et al. [16] in order to raise
the cooling rate, as shown in Fig. 2-3 [36]. An amorphous irregular die (area ~0.2 mm®;
thickness ~10 um) can be fabricated under the cooling rate (10° to 10" K/s). Figure 2-4
shows the two roller quenching method announced [36]. This method broke the limitation of
amorphous alloys. Hence, it caused wide attention because uniform long ribbons (width ~2
mm; thickness ~ 50 um) can be fabricated continuously by this method. This method brought

a wide tide to raise the cooling rate for fabrications of more tough, and light amorphous

alloys.

However, the chill block melt-spinning process developed by Liebermann et al. [36] in
13



1976 is to quench the melt jet on a high-speed rotating substrate wheel by inert gas, as shown
in Fig. 2-5 [36]. This method can largely promote the stability and quality of fabrication
processes. Until now, other liquid quenching methods, such as the planner flow casting

process, are based on CBMS concept, as shown in Fig. 2-6 [36].

Before 1980, the fabrication methods emphasize on how to increase the cooling rate in
avoiding formation of the crystalline phase. However, Inoue et al. [2] develop the Mg-based
ternary amorphous alloy by the copper mold casting method in 1991. Bulk metallic glasses of
Mg-Cu-Y with 4 mm diameter were successfully synthesized. Addition of the third kind
element cooperating with liquid quenching can effectively reduce the critical cooling rate
(lower than 10? K/s). In 1992 [30], they successfully fabricated bulk metallic glasses with 7

mm in diameter by the high pressure die casting method.

The vapor-solid reactions to form metallic glasses are well known as gas deposition
techniques. The multi-component monolayer TFMGs can be fabricated by two methods: (1)
co-sputter deposition process, and (2) alloy sputter deposition process, reported by Dudonis et
al. [22] and Hata et al. [11], respectively. The quenching processes from vapor to solid are
basically similar to that from liquid to solid. With a sufficient cooling rate, the amorphous

structure would form by freezing.

Contrary to the quenching processes, solid-state amorphization, e.g. ion-mixing,
accumulative rolled bonding, and annealing, provides provide possibility to modify the
structure of the specimens, containing bulk and thin-thin specimens. In 1987, Liu [38]
predicted the possibility of binary alloy system via ion-mixing. After the bombardment of
high-energy particles, crystalline phase would transfer to the amorphous phase. Also,

amorphization would form in the immiscible systems, such as Cu-Mo, Y-Mo, and etc,
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meaning annealing of multilayer thin film provide a different way from quenching processes

to form the amorphous alloys [39,40].

2-2 Microstructure of co-sputtered and multilayer alloy thin films

2-2-1 Amorphization in miscible alloy system

Based on the empirical rules of glass forming ability, alloy systems which would form
the metastable amorphous phase easily can be predicted. Since 2000, more and more
amorphous alloys have been fabricated via the three criteria, such as Zr-Cu-Al [41], Pd-Cu-Si
[13], and Mg-Cu-Gd [42], etc. However, sputtering can provide a wider glass forming range
and more processes for amorphization. The Zr-Cu alloy system is an example for the
demonstration of the routes by co-sputtering and solid-state amorphization. Since the first
amorphous alloy has been fabricated, metal-metal binary amorphous alloys have been widely
researched, especially for the Zr-Cu system. In addition, many binary systems with negative
heat of mixing, such as Au-Ti, Co-Mo, and Al-Pd, etc, can stably exist at the amorphous state

[38].

According to Section 2-1-3, the difference of the diffusion mobility would induce the
formation of the metastable phase, such as amorphous phase during annealing. For instance,
the metastable amorphous Zr,Cus phase forms in the interface of the Zr/Cu multilayer thin
film [43]. As shown in Fig. 2-7, the smooth interfacial layers correspond to the ZrsCus
amorphous phase which thickness is ~5 nm. The Cu/ZrCu multilayer thin films exhibit a
good ductility and high strength due to the interaction between the nanocrystalline Cu layers

and the thin amorphous layer.
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In 1982, Rivory et al. [44] measured the thermal, electrical, and optical properties of
ZryCujx (0.7 < x < 0.4) TFMGs. A comparison was made between the sputtered and
quenched alloys of two compositions CusoZrsy and CuspZryy (in fact CussZrg; for the
quenched alloy). In terms of the difference of crystallization phenomena, there were several
points observed between the sputtered and quenched alloys. The major difference is that the
glass transition temperature is vague and not easily to define in the sputtered Zr-Cu glasses.
The crystallization temperatures and crystallization enthalpies of the sputtered alloys are

presented in Fig. 2-8.

Although the crystallization temperatures are consistent with the results for quenched
alloys, the crystallization enthalpies are definitely lower in the sputtered Zr-Cu glasses. The
shape of the exothermic peak in the DTA curves is markedly different. The crystallization of
the sputtered Zr-Cu glasses occurs over a very wide temperature range, whereas that of the
quenched samples occurs over a more narrow range. These differences may be due to the
existence of various amorphous states or different free volume content leading to nucleation

and crystal growth processes.

2-2-2  Amorphization in immiscible alloy system

As mentioned above, there are three paths to fabricate amorphous alloys. However, the
formation of amorphous alloy in immiscible systems is very difficult because of the
requirement of the much higher cooling rate. Compared with the miscible alloy systems, the
immiscible alloy systems do not contain eutectic reaction in the binary phase diagram. Also,
the positive heat of mixing would restrain the mixing of the different atoms. However, the
amorphous alloys can still be fabricated by the solid-state reaction. The solid-state reaction,

such as ion-mixing [38,45,46] and mechanical alloy [47,48], usually occurs at a relatively
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much lower temperature than the melting point of each element. It is interesting to explore
how the amorphization occurs in the binary immiscible systems. Hence, by constraining the
diffusion of atoms, the metastable amorphous would form during the solid-state reactions. In
this section, several immiscible binary alloy systems (Cu-Ag, Cu-Ta, and Cu-Nb) are

described in Sections 2-2-2-1 to 2-2-2-3.

In these three cases, the phenomena of these three systems are different. The multilayer
Cu-Ag thin films do not show the amorphization near the interfaces, and the co-sputtered
Cu-Ag thin films exhibit a crystalline solid-solution. For the binary Cu-Ta system, the
amorphous Cu-Ta thin films can be fabricated via co-sputtering, and the interfacial
amorphization occurs in the Cu-Ta multilayer thin films. In the third case, the amorphous
Cu-Nb phase does not form in the interface in the multilayer Cu-Nb multilayer thin films, and
the co-sputtered Cu-Nb thin films exhibit the amorphous nature. Although these three
systems belong to the immiscible systems, different phenomena would imply the different
applications in the three systems. For example, the co-sputtered Cu-Nb thin films can be used
in the super-conductive applications [49]; and multilayer Cu-Nb thin films can be used in

high-temperature applications [50,51].

2-2-2-1 Amorphization in Ag-Cu system

In the multilayer thin film, annealing would lead to the decrease of the Gibbs free energy
by lowering the interface energy between different layers. The system energy may be lowered
by reducing the surface area of layer interfaces, grain boundaries and free surfaces; by
reducing strain energy from applied or residual stresses; or by reducing the chemical energy
in seeking a chemical equilibrium [52]. Knoedler et al. [52] reported the interaction of the

Ag-Cu laminate thin film, coated on the Nb substrates thin film. Due to the lack of the
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inter-diffusion during annealing at 700-900 K, the schemes of the multilayer thin films show
that the free-energy level would decrease via the grooves which formed at the
grain-boundary/layer-interface junctions in both phases and appeared to pin the grain
boundaries and prevented further migration [52]. Figure 2-9(a) and (b) show the as-deposited
and annealed films with the laminate structure. After annealing, the smooth interface transfer

to the zigzag one to reduce the interface energy.

Due to the positive heat of mixing between Ag and Cu, no inter-diffusion occurs during
high-temperature annealing. This occurrence also implies the metastable phase is hard to
form in the multilayer setting. However, the free energy of inter-diffusion is a
temperature-dependent reaction. In some special cases, such as Cu-Ta, it shows the

amorphization near the Cu-Ta interfaces [53], which will be discussed in next sections.

From the aspect of the atomic packing, co-sputtering would provide another structure
different from the multilayer Ag-Cu films. A special characteristic of the co-sputtered Ag-Cu
thin films is composition-dependent microstructure. Gohil et al. [54] adjusted the deposition
factors, such as deposition pressure, power and substrate temperature, to change the
microstructure of Ag-Cu thin film. The metastable hexagonal Ag-Cu phase would form under
the condition of low substrate temperatures (~100 K) and high working pressures. Atoms can

mix homogenously via the co-sputtering because the gas mixing is always spontaneous.

In other words, a shorter mean free path and a lower substrate temperature would limit
the surface diffusion of adatoms. Hence, it is reasonable to suggest that the metastable phases,
including amorphous or intermediate phases, would form by vapor-quenching. The
metastable phase of Ag would form if the particle size is smaller than ~30 nm [55].

According to these reports, co-sputtering can suppress the formation of the stable phase and
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induce the formation of the metastable phase (nanocrystalline or amorphous phases) by

controlling the processing factors.

2-2-2-2  Amorphization in Cu-Ta system

From the aspect of thermodynamic theory, no intermediate phases would form at the
equilibrium state in the immiscible binary systems. However, it is not fully applicable for
sputtering. In the Cu-Ta system, the observations via experiments and simulations have
revealed that the amorphization would occur in the interfaces of the immiscible bi- or
multilayered thin films. In 1999, Kwon et al. [53] reported that the amorphous phase formed

in the immiscible Cu/Ta interface.

In bulky form of tantalum, the stable phase is a-Ta exhibiting body-centered-cubic
(BCC) structure. The Ta film by sputtering usually exhibits a metastable tetragonal phase
(B-Ta). The stable BCC Ta structure is obtained either at high temperatures or on specially
cleaned silicon substrates. In the literature of Kwon et al. [53], they showed the different
phenomena between Cu and a-Ta or B-Ta. Figures 2-10(a) and (b) show the B-Ta/Cu
interfacial reaction after annealing at 400°C for 30 minutes. It is noted that different contrasts
in the Cu/Ta interface, showing an amorphous-like layer, in Fig. 2-10(a). In the as-deposited
film, the interface is chemically abrupt, and the thickness of the amorphous-like layer is about
1.5-2 nm from mark A to the mark B, as shown in Fig. 2-11(a). The dash lines indicate the
locations of interfaces observed in high-resolution transmission electron microscopy
(HRTEM) graphs. Also, after annealing, the interface amorphous layer becomes clearer and
thicker, as shown in Fig. 2-11(b). The thickness of the interface layer is ~4 nm confirmed by

the energy-dispersive spectrum (EDS) line profile, shown in Fig. 2-11(b).
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Compared with the solid-state amorphization of the Cu-Ta multilayer thin films, Zeng et
al. [56] found that the Cu-Ta amorphous alloy can also be fabricated by co-sputtering. The
influence of the composition in structure and mechanical properties can be well discussed in
this system. As shown in Fig. 2-12, the diffraction pattern means the amorphous humps
rightly shift with increasing Ta content. Roughly speaking, the elastic modulus of Cu-Ta
amorphous alloy is strongly dependent on the chemical composition. However, one can see
that the hardness and elastic modulus vary linearly with the Ta concentration, as presented in
Fig. 2-13. The fitted results of hardness and elastic modulus reveal that the variation ratio of

the hardness is 0.205 GPa per at% and that of the elastic modulus is 1.35 GPa per at%.

2-2-2-3  Amorphization in Cu-Nb system

In 2005, the self-supported Cu-Nb nanolayered films with individual layer thickness of
75 nm were fabricated by sputtering [57]. The cross-section bright TEM image, as presented
in Fig. 2-14(a), shows the columnar nano-sized grains with in-plane dimensions. No porosity
was found in the interfaces of Cu and Nb layers, and there is an epitaxial orientation
relationship from Cu column to the adjoining Nb column, as shown in Fig. 2-14(b). After
annealing at 700°C for 60 hours, the smooth interfaces transfer to the zigzag alignment of the
thermally grooved triple joint junctions without changing the thickness of the individual
layers in Fig. 2-15. However, the measured hardness of the Cu-Nb multilayered thin films,
with the thickness of the individual layer equal to 75 nm, exhibits a small drop after

annealing at 700°C for 1 hour, as presented in Fig. 2-16.

Moreover, the measured hardness does not change after 60 hours annealing. In terms of
the effect at different annealing temperature, no change is noted up to 500°C, followed by a

slight decrease in hardness during the annealing temperatures at 700-800°C, shown in Fig.
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2-17. Compared with the 75-nm-thick multilayered Cu-Nb thin films, the 15-nm-thick Cu-Nb
thin films exhibit a large drop in hardness upon annealing at temperatures higher than 600°C.
The measured hardness even decreases by a factor of two after annealing at 800°C for 30
minutes. The decrease of hardness is caused by the high-temperature annealing which

destroys the multilayer structure by adjust the grain boundaries.

In the previous research of the Cu-Nb alloys, Michaelsen et al. [58] reported the thermal
properties of Cu-Nb amorphous thin films with different compositions. Figure 2-18 shows the
heats of mixing of the liquid/amorphous phase for different temperatures as a function of
composition. It can be seen that the heat of mixing of the liquid phase is positive at high
temperatures equal to about 20 kJ/g-atom at 2000°C. In contrast, the heat of mixing at a lower
temperature is negative about -15 kJ/g-atom. It also means immiscible atoms can attract each
other at a lower temperature but can repulse at a higher temperature. Liquid solubility at high
temperatures is therefore solely caused by entropy contributions. A decrease of enthalpy and
entropy of mixing as a result of the development of chemical short-range order upon

undercooling is typical for liquid phases with negative heats of mixing.

However, the heat of mixing of Cu-Nb system changes its sign with decreasing
temperature. The thermodynamic calculation on Cu-Nb indicates the heat of mixing is a
function of temperature, and the sign of the heat of mixing would change in a specific
temperature range. Because of the irregular variation of heat of mixing, the
glass-transformation temperature and the crystallization temperature do not depend on the

atomic composition.

In the Cu-Nb system, Puthucode et al. [59] reported the early stage of the crystallization

of the CussNbys sputtered amorphous thin film which exhibits the interconnected network of
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Cu-rich and Nb-rich nano-crystalline domains, as presented in Fig. 2-19. The major
difference of the crystallization between the miscible and immiscible alloy systems is the
nature of the precipitates. Generally speaking, the precipitates in the miscible alloy systems,
such as Zr-Cu-Al [60] and Mg-Cu-Y [61], are the intermetallic compounds, Zr,Cu and
Mg,Cu, respectively. Contrarily, nano-particles of pure metal would precipitate during the
post heat-treatment in the immiscible alloy systems, as shown in Fig. 2-20. Moreover, the
nano-particles of pure metal were confirmed via the three-dimensional atom probe (3DAP),

as shown in Fig. 2-21.

2-3 Deformation mechanism of amorphous alloys

The deformation mechanism of amorphous alloys is unlike to most of crystalline
materials due to the lack of long-range-ordering structure. Compared with the burgers vector
as the unit of the dislocation mechanism in crystalline materials, the unit of deformation in
amorphous alloys is shear transition zones (STZs). Contrary to critical resolved shear stress
(CRSYS) in the slip systems, the direction of the shear band usually develops along the largest
shear stress. The angle of the shear plane to the loading direction is different under different

uniaxial tensile and compressive tests [62].

As bonding in metallic glasses is primarily metallic in character, strain can be readily
accommodated at atomic level through changes in neighbors. Compared with electronic
ceramics and ionic ceramics, atomic bonds can be broken and reformed at the atomic scale
during plastic deformation, dislike the rigidity of bond angles as in a covalent solid, or the
balance of charges as in an ionic solid [62]. Therefore, although they usually undergo a
strong tendency for shear deformation [63] and macroscopically brittle crack at room

temperature, it is not clear that metallic glasses are capable of legitimate plastic flow or
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softening at the micro-scale or even nano-scale [62,64]. Intrinsic plastic flow on a nano-scale

ensures that fluid meniscus instability always occurs in BMGs.

To explain the deformation mechanism in stress-strain curve, a schematically model [65]
is illustrated in Fig. 2-22. Serrated flow can be understood as an alternating process of stress-
and, as shown above, temperature-assisted shearing of atomic volumes such as (STZs) and a
diffusive type of structural relaxation of these sheared volumes. With reference to the free
volume model, the first process described is understood as a mechanism where free volume is
generated (work softening), while in the second process free volume is annihilated
(time-dependent hardening). While the shear of a single STZ is assumed to be of the order of

Angstroms, serrated flow can be correlated with shear offsets of several hundred nanometers.

During deformation, a cooperative process combines the nucleation and considerable
initiation of STZs, which adds up to submicrometer large shear offsets and macroscopically

results in shear bands with a different structure than the bulk. As described in Fig. 2-22, the
stress-strain curve is divided into six stages, marked by @ to ®. After sufficient energy is
provided for dilatation and generation of free volume a stress-assisted, thermally driven
process in a shear transition zone (O @ ®) and shear propagation (@) can be initialized.
This process results in a stress release, plastic strain (shear band offset) and consequently the

arrest of the disorder structure (®).

The second process triggers the annihilation of freshly free volume and therefore causes
a time-dependent hardening of the area in the vicinity of the shear band. The waiting time t;|

between one and the next serration causes the alternated structure, or macroscopically
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speaking the shear band to recover and relax (®) to a lower energy state (i.e. higher density

due to free volume annihilation) similarly as has been described in [66]. The rates of these
counteracting processes lead to a positive net generation of free volume with increasing strain.
Assuming a sudden decrease in the applied strain rate, more time is available for the

relaxation to occur between successive stress drops.

This time allows for the sheared zone to annihilate some of the freshly produced free
volume. This in-turn leads to a strengthening of the deformed zone or macroscopically
speaking to a higher stress resistance against flow. Consequently, a higher flow stress results

at lower applied strain rates exhibiting negative strain rate sensitivity.

2-4 Mechanical properties of thin film metallic glasses

2-4-1 Nanoindentation and microindentation

As mentioned in Sections 2-3, the deformation mechanism of amorphous alloys is
different from the crystalline materials due to the lack of defects, such as dislocations. In
indentation tests of crystalline materials, we can observe the pop-in events, causing by the
phase transformation [67] and dislocation emission [68-70]. For amorphous alloys, the results
also show the pop-in events during loading segments [71]. However, it does not come from
the phase transformation or dislocation emission but shear bands nucleation and propagation

[72].

The free-volume model describing the deformation mechanism of amorphous alloys is

accepted by most researchers. In typical amorphous alloys, the pop-in events are not related
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to phase transformation but the propagation of shear bands. In Fig. 2-23(a), a typical
load-displacement curve for the amorphous alloys, showing the steps or “pop-in” events
during loading. The “pop-in” events usually corresponding to the increment dh; is the depth

of a step (‘pop-in’).

The steeper portion of the loading curve preceding a step shows the elastic response
between the operation of shear bands and has the increment dh.. The total depth increment
from step to step along an ideal plastic curve is (dh, = dh. + dhs) The unloading curve
reflects the elastic behavior of the material [73]. Figure 2-23(a) shows that the elastic portions
(dh) on loading are indeed parallel to the unloading curve at similar loads. Also the trace

around the indentation marks is the path which shear bands pass through, as shown in Fig.

2-23(b).

As we know, the amorphous alloys with a low glass-forming ability, such as Ag-Ni and
Cu-Nb, can only be fabricated by vapor quenching processes. However, the traditional
mechanical tests, such as compressive and tensile tests are not suitable for thin-film types.
The nanoindentation gradually becomes a powerful tool to measure the mechanical properties
of these kinds of TFMGs. In 2007, Zong et al. [74] reported the relationship between the
composition variation and the mechanical properties in the Cu-W system. First of all, they
fabricated the CuyW;x (x is equal to 0, 7, 21, 36, 41, 60, 66, 71, 75, 86, and 100 at%) thin

film via alloy-sputtering.

The diffraction patterns of the alloys from 36 at% to 75 at% Cu exhibit a broadening
hump, corresponding to the amorphous structure. Also, the Cuy; W79 film forms BCC W (Cu)

solid solution, and the CuggW 4 film forms FCC Cu (W) solid solution.
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Typical nanoindentation load-displacement (P-h) curves are presented in Fig. 2-24. For
clarity, only the loading portions are shown and the curves are shifted. Figure 2-24(a) is the
P-h curves for the CussWss amorphous alloy at various strain rates. At a lower strain rate
(0.05 s, the P-h curve is punctuated by many discrete bursts (labeled A, B, C, D and E) of
rapid displacement at nearly constant load, which are called pop-in events. When the strain
rate increases to 0.2 s ', the curve only shows two faint pop-in events (labeled F and G).
Increasing the strain rate further to 1 s ', the curve is smooth and no pop-in could be found.
This indicates that its deformation behavior is obviously dependent on the indentation strain

rate. Figure 2-24(b) is the P-h curves for the CugyW4o amorphous alloy at various strain rates.

It can be seen that its deformation behavior is also influenced by the strain rate. At 0.05
s”', the P-h curve exhibits serrated flow (labeled H and I). While at 0.2 s ' and 1 s”', the
curves are smooth. For the Cu;; W59 amorphous alloy, all the P-h curves (not shown) do not
show any pop-in events. This suggests that the deformation behavior of the Cu-W amorphous

alloy is dependent on not only the strain rate but also the chemical composition.

In their work, the elastic modulus and hardness of the Cu-W thin films strongly depend
on the chemical composition. Moreover, it is interesting that the indentation marks, shown in
Fig. 2-25, exhibits the distinct morphology with the variation of the chemical compositions.
From Figs. 2-25(a) to (d), the corresponding structure of the Cuy; W79 thin films are the BCC
solid solution, exhibit no pop-in events during the indentation and no marks of the initiation
of the shear bands. With increasing Cu content, the nature gradually transfers to amorphous

phase from solid solution, inducing the pop-in events during indentation.

2-4-2  Microcompression tests
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Facing on the smaller and smaller size of the device, it is necessary to understand the
mechanical properties in micro- or even nano-scale. In addition to nanoindentation, two
methods, microcompression and microtensile tests are developed. Microcompression and
microtensile tests belong to the mechanical test along uniaxial axis with tensile or
compressive stress, respectively. The nanoindentation, complex two-dimension stress field
leads to the difficulty in analyzing the deformation characteristics. The mechanical response
of the micro-scale specimen under tensile or compressive mode is easier to analyzing the
deformation phenomena. In this section, the topic is focused on the microcompression test.
First of all, to avoid the effect of the artifact, how to fabricate the microcompression
specimen is the key point. Up to now, there are two major methods:

(a) Focus-ion-beam method, which can develop the micropillar of any material with

any configuration by selective etching.

(b) Lithography method, which can produce a large quantity of the micropillars but

depend on its parameters during fabrication.

In terms of method (a), the micro-sample fabrication methodology is based on FIB
milling (highly localized ion sputtering using energetic ions) to micro-machine small
compression samples from the surface of a bulk crystal. Focused-ion-beam systems are
uniquely suited in their ability to fabricate 3D structures while maintaining sub-micron
precision in a variety of metallic and non-metallic systems [75,76]. A FEI company strata
dual beam 235 was used for this study, and the FIB column on this instrument supplies 30 kV
Ga' ions at beam currents ranging from 0.001 to 20 nA. The micro-sample fabrication
process begins with the preparation of the bulk material of interest. A small section of a bulk
material is prepared using standard metallographic methods, so that the section can be placed

on a standard scanning electron microscope (SEM).
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Typically the bulk section is mechanically polished using an automated lapping machine
(Allied High-Tech Multi-Prep System) to produce a parallel-sided sample, subsequently
electro-polished to remove any residual damage from the mechanical polishing. The sample
is then mounted to a SEM stub using silver-based conductive paste or epoxy. The
microcompression sample preparation process consists of two steps. First, the surface of the
bulk section is oriented normal to the FIB column, and an area of interest is located using FIB

imaging.

In that area a series of concentric annular milling patterns are used to mill a cavity or
crater that creates each sample blank in relief. The large cavity serves the following purposes:
(1) allows one to image the sidewalls of the micro-sample both before and after deformation
using the SEM or FIB (which is necessary for subsequent fabrication steps), (ii) ensures that
the flat indenter tip does not contact any other surfaces than the micro-sample, (iii) lessens
the probability that sputtered material will redeposit back onto the freshly milled
micro-sample during subsequent fabrication steps, and (iv) facilitates locating the
micro-sample using the optical microscope of the nanoindenter test system. Note that this
step is usually performed using high-beam currents (20-5 nA), since the goal is to quickly
remove material from around the sample volume of interest. For example, the time required
to mill the cavity for the 5 pum diameter pure Ni sample shown in Fig. 2-26 was
approximately 240 min using a 5 nA beam. This time could be shortened considerably by
changing to an even higher beam current, as a 20 nA beam current could machine this same

structure in one-fourth of the time.

However, one must be careful when using the highest beam currents since the spot size
and lateral spread of the ion beam increases dramatically. This must be taken into account

when defining a specific milling pattern, or one risks accidentally milling into the area of
28



interest. Also note that the time required to mill the cavity increases directly in proportion to
the volume of material removed. This can present problems in terms of the overall time
required to machine samples that are equal to or larger than 20 pm in diameter. For instance,
this step in the fabrication process requires at least 16 h for a 20 um diameter sample in pure
Ni (using a 20 nA beam current). Two examples of micro-samples machined using this
fabrication methodology are shown in Fig. 2-27, and it is clear from this figure that the
dimensional form of the micro-samples can be carefully controlled over a wide range of

sizes.

In addition of the focus-ion-beam method, the micropillars are also fabricated by other
methods. In 2007, Bei and George [77] reported that the Mo alloy micropillars fabricated by
lithographic method. Though the technique, the micropillar array can be easily fabricated.
The micropillars were produced by etching away the NiAl matrix of a NiAl-Mo in situ

composite grown by directional solidification (Fig. 2-28).

Details of the directional solidification process and the resulting composite
microstructures have been discussed elsewhere [77,78]. The composite consists of
monocrystalline Mo solid-solution fibers (composition, 86Mo-10Al-4Ni, at%) with axes

parallel to (100) embedded in a NiAl matrix (composition, 55Ni-45Al, at%) [77].

Examples of P-h curves obtained from good compression tests on the four different size
pillars are shown in Fig. 2-29(a). The reproducible P-h curves are initially linear elastic but,
upon reaching a critical load. The cross-sectional area of the fibers, which varies inversely as
the directional solidification rate, was measured from scanning electron microscope (SEM)
images using image-analysis software. Because of their nearly square cross-sections (Fig.

2-29(b) to (d)), the fiber (or pillar) size is taken to be the square root of the measured
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cross-sectional area. The pillar sizes in this study ranged from 360 to 1000 nm. The
magnitude of the displacement burst corresponds well to the height of the pillar (the pillars
had aspect ratios in the range 2.5-3.0), confirming that once plasticity commences, it
continues catastrophically and unstably until the pillar is fully compressed. Since the tests
were conducted in load control at a constant loading rate, the instability suggests that there is
significant strain softening after yielding, as was observed by Brenner in his micro-whisker
tests [79,80]. Quantification of the strain softening behavior would require a
displacement-controlled test. Yield strengths for the valid tests computed from measured

loads at yielding and initial cross-sectional areas are summarized in Table 2-1 [78] .

Curiously, the average yield strength is independent of pillar size at a value near 9.2 GPa.
The slip systems in Mo are (110)[111] and (112)[11 1] [81], which for our compression
geometry yields Schmid factors of 0.41 and 0.47. Assuming that slip occurs on the slip
system with the higher Schmid factor, the critical resolved shear stress at yielding is equal to
4.3 GPa. The shear modulus of Mo is 126 GPa [82], but assuming that alloying with Al and
Ni lowers this according to a rule of mixtures based on their respective atomic percentages, G
for our micropillars should be approximately 112 GPa. Thus, the measured resolved shear
stress at yielding is approximately G/26 and therefore within the range expected for the
theoretical strength (G/30 to G/10) [79,83]. This large critical resolved shear stress suggests
that their micropillars are essentially dislocation-free before testing, consistent with
transmission electron microscopy observations of NiAl-Mo eutectics [76], and that yielding
occurs when dislocations are nucleated at the theoretical shear strength, similar to Brenner’s

whisker tests.

This conclusion is further corroborated by the fact that yield strength is independent of

sample size. The fact that there is an intense burst of plasticity after yielding indicates that
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dislocation multiplication is rapid and widespread and that dislocation starvation does not
occur in any of the specimens after yielding. These results are consistent with the view that
well-annealed metals, which have dislocation densities in the range 107-10"" m™ [84], should
behave as ideal metals (i.e. have yield strengths approaching the theoretical strength) when
their sizes are ~1 um or smaller. It is surprising, therefore, that no other micropillar tests
performed to date have observed such high yield stresses, even though some of the pillars

were of appropriate dimensions (~1 um or smaller).

Possible reasons for the lower stresses measured in the previous studies include the
generation of small dislocation loops and vacancies during FIB milling, and additional
internal stresses from the implanted gallium ions due to the size difference between gallium
and the host lattice. Although a size effect on yield stress was not observed in the present
study, the current results do not rule out a size effect on the flow stress if stable deformation

after yielding could be achieved through a displacement-controlled test.

In 2008, Lai et al. [85] observed the relationship between the compressive strength and
the pillar size. Figure 2-30 shows the different appearance of the Zr-based micropillars in 3.8
um, 1 um, and 700 nm after compression. The representative engineering stress-strain curves
are shown in Fig. 2-31. The deformation mode of these micropillars is invariably the
localized shear banding, independent of the specimen size. From Fig. 2-30, we can observe
that sample shear-off does not occur immediately. Also, the compressive stress increases with

decreasing pillar size, as shown in Table 2-2.
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2-5 Toughness of metallic glasses

2-5-1 Intrinsic strengthening

Metallic glasses exhibit a high fracture strength, like oxide ceramic materials, and
exhibit some ductility, like metallic or alloy materials. In 2005, Lewandowski et al. [86]
brought up an idea to identify the ductility of metallic glasses. The value of /B, where n and
B are the shear modulus and bulk modulus, respectively, is typically about two-thirds of the

value for the polycrystalline pure metal on which it is based.

The glasses might therefore be expected to show more plasticity, but this is offset by the
shift in value of (W/B)qit which divides plasticity and brittle fracture. For metallic glasses (Fig.
2-32) (WB)crit is in the range 0.41-0.43, where there is a large drop in shear modulus (G) with
increasing p/B, and G approaches the toughness of oxide glasses. This is lower than the range
of values for (L/B)it reported earlier for polycrystalline pure metals. Overall, it would appear
that glassy alloys are slightly more likely than their crystalline counterparts to show brittle
behavior. The correlation between fracture energy and elastic constants can also be expressed
in terms of Poisson’s ratio (v). Higher values of v give higher fracture energy, the transition
between brittle and tough regimes at the region for v;=0.31-0.32, observing a large increase

in G, as shown in Fig. 2-33.

The factor, w/B, was announced to describe the ductility of the metallic glass, which
concept is like crystalline materials. The data on the as-cast metallic glasses, plotted in Fig.
2-32, show a clear correlation between fracture energy G and p/B. With low values of WB,
the glasses based on Pd, Zr, Cu or Pt, all have fracture energies well in excess of 1 kJm'z,

exhibit extensive shear banding, and have vein-pattern fracture surfaces. With high p/B the
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magnesium-based glass approaches the ideal brittle behavior (G~1 Jm™) associated with
oxide glasses. Recent reports of the platinum-based glasses with low W/B and exceptionally
high toughness and malleability fit well on the same correlation. This correlation between G

and B is similar to that discussed earlier for crystalline metals [86].

2-5-2  Extrinsic strengthening

As mentioned above, amorphous alloys via intrinsic strengthening is not the remarkable
effect due to the amorphous nature. Moreover, extrinsic strengthening is another potential
way to improve the mechanical properties. Considering the choice of reinforcement, the
important key is avoiding the occurrence of chemical reaction between the matrix and the
reinforcement. In 1998, Conner et al. [87] successfully fabricated the bulk metallic glass
composites (BMGCs), as shown in Fig. 2-34. In this case, the authors selected the Zr-based
amorphous alloy, serving the matrix, corresponding to the white contract. The tungsten and
1080 steel fibers (~50 um) were selected as the reinforcement, corresponding to the black
contract. The side view shows clearly that the fibers split longitudinally and buckled. Note
that the cracks on the compression face run toward and through the tungsten wires. This is
expected for the tungsten composite, because cooling leaves the residual tensile stress in the

matrix.

In compression test of the Zr-based/steel or tungsten fiber BMGCs, the stress-strain
curve exhibits a significant improvement of ductility, as shown in Fig. 2-35 [87]. It is
proposed that the fibers first yield, followed by axial shear cracking, which makes the fibers
unstable and unable to prevent buckling in the composite. Both have the same ultimate
strength, though the tungsten strain to failure (18%) is substantially larger than that of the

steel (6%). This shows that the compressive strength of the composite is controlled by the
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matrix. Unlike the perfectly-plastic tungsten composite, the inelastic portion of the

stress-strain curve for the steel wire reinforced composite shows some work hardening.

Contrary to the amorphous alloy with the fiber-type reinforcement, the
porous-particle-strengthening would improve the plastic strain up to ~7% engineering strain,
as presented in Fig. 2-36 [88]. In the stress-strain curves, the plastic strain increases with
increasing the porous Mo content. From the aspect of microstructure of the Mg-based BMG
with Mo reinforcement, it shows two kinds of microstructures in different scales. One is that
the Mo micro-size particles are embedded in the amorphous matrix; another is that the
amorphous regions in nano-scale are embedded in the porous Mo particles. As shown in Fig.
2-37, the deformation morphology shows the Mo particles can effectively absorb shear bands

and suppress the growth of crack, inducing a drastic plastic strain [88].
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Chapter 3 Experimental Procedures

In this study, three kinds of TFMGs or nanolaminate composites are fabricated via
sputtering. Providing the wide glass forming range, three different approaches are tried to
tough TFMGs, listed below:

(1) Strengthening of TFMGs by structure relaxation of Zr-Cu-Ti fully amorphous

TFMGs via sub-T, annealing,

(2) Strengthening of TFMGs by addition of immiscible tantalum to form possible

liquid phase separation or precipitated crystalline phases,

(3) Strengthening of TFMGs by multilayer thin films design for the Zr-Cu-Ti/Ta thin

film nanocomposites.
The flow chart is shown in Fig. 3-1. In this chart, how to tough TFMGs and to estimate the
relative properties, such as elastic modulus and hardness is first focused. Through the change
of the composition and introduction of the crystalline layers, these different effects in
mechanical properties can be understood. The methods will help to determine which
approach mentioned above has the potential to enhance ductility. The ductility is verified by

the microcompression tests.

3-1 Materials

The Zr, Cu, Ti, and Ta metallic targets used in this study were purchased from Well
Being Enterprise Co., Ltd, Taipei, Taiwan. The purity levels of the Zr, Cu, Ti, and Ta targets
are 99.9%, 99.999%, 99.99%, and 99.9%, respectively. To simplify the deposition variation,
the ZrCuTi alloy target, where the composition is ZrgsCupsTijo in wt%, is used in

multi-component co-sputtering. The purity of the Zr-Cu-Ti alloy target is 99.9%.
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3-2 Alloy Designation

In this study, the alloy systems are focused on the ZrCu based systems. By controlling
the sputtering factors, the specimens can be divided to several groups:

(1) Zr-rich Zr-Cu systems,

(2) Zr-Cu-Ti systems,

(3) Zr-Cu-Ti-Ta systems,

(4) Multilayer Zr-Cu-Ti/Ta systems.

This design is from simple binary to complex multi-component systems. For the
sputtering process, it provides a high cooling rate and a wide glass-forming range. Especially

for the low GFA alloy systems, it is possible to fabricate these systems by sputtering.

First of all, Tang et al. [89] and Dudonis et al. [22] bring up a concept about the
instability of the metallic materials by co-sputtering. The glass forming range of Zr-Cu
system is from 4 to 96 at% of Cu. From the aspect of ductility, Kwon et al. indicate that a
higher Zr content would lead to better ductility [90]. Combining the ideas mentioned above,
the Zr-rich ZrCu would be a good candidate for good mechanical properties. As shown in Fig.
3-2, the chosen ZrgCus; is close to the eutectic point at Cuy76Zr724. Moreover, the Ti
substitution for Zr is to improve the adhesion to the Si substrates and to analyze the
mechanical response during nanoindentation tests. In addition, Ti effect can enhance the
thermal stability of the amorphous alloys [91]. To understand the phenomena of the structural
relaxation, the Zr-rich Zr-Cu and Zr-Cu-Ti specimens are simpler because the equilibrium
phase is the mixture of (Zr,Ti)Cu and Zr-Ti solid solution in the Zr-Cu-Ti ternary phase

diagram at 703°C, as shown in Fig. 3-3.
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As mentioned in Section 1-4, the addition of the immiscible element is another approach
to strength the amorphous alloys. According to the binary phase diagrams of Zr-Ta, Cu-Ta,
and Ti-Ta (Figs. 3-4(a) to (c)), it shows these systems all do not contain any intermetallic
compound. Moreover, the immiscible tantalum is supposed to change the amorphous nature
or the atomic packing. Hence, the Zr-Cu-Ti-Ta TFMGs are fabricated by adjusting the power
of the Zr-Cu-Ti and Ta guns. Another multilayer system is composed by the Zr-Cu-Ti and Ta
layers for comparison, which deposited alternatively with the thickness of 50 nm/50 nm and

50 nm/5 nm, respectively.

3-3 Sample preparation

3-3-1 Substrate preparation

In this experiment, films are deposited on the P-type (100) silicon wafer. In order to
avoid some other impurities and greasy dirt adhering to the substrates, the following surface
cleaning procedures were adopted.

(1) With deionized (DI) water, an ultrasonic cleaner is used to clean the substrates for

10 minutes to remove the dust and impurities on the surface of substrate.

(2) An ultrasonic cleaner is used to clean the substrates in alcohol for 10 minutes to

remove the greasy on the surface of substrate.

(3) After rinsing in alcohol, an ultrasonic cleaner is used to clean it in acetone for 10

minutes.

(4) After rinsing in acetone, an ultrasonic cleaner is used to clean it in DI water for 10

minutes.

(5) Air was use to dry the substrates.
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3-3-2 Thin film preparation

In this study, monolayer and multilayer thin films were prepared by magnetron
sputtering with a target of 50.8 mm in diameter at a working pressure of 3x107 torr. There
were five kinds of procedures listed below:

(1) Zr-Cu monolayer thin films using co-sputtering,

(2) Zr-Cu-Ti monolayer thin films using co-sputtering,

(3) Zr-Cu-Ti monolayer thin films using alloy sputtering,

(4) Zr-Cu-Ti-Ta monolayer thin films using co-sputtering,

(5) Multilayer thin films composing of alternative Zr-Cu-Ti and Ta layers with

different thicknesses equal to 50 nm/50 nm and 50 nm/5 nm.

The Zr-Cu and Zr-Cu-Ti films can be fabricated using the co-sputtering deposition
process with zirconium, copper, and titanium targets. A rotary pump was used to achieve
mediate vacuum, and a cryo-pump was used to achieve a base pressure less than 1x107 torr.
The base pressure maintains below 5x107 torr. There was a load-lock chamber, for quick and
convenient exchanging of substrates without venting the main chamber. After achieving the
base pressure, Ar was introduced into the chamber, and targets were pre-sputtered by
inserting a movable shutter for five minutes. For the ZrgoCus; (at%) films, the Zr target was
set up on the DC cathode with 305 W, and the copper target was set up on the DC cathode
with 50 W, respectively. The substrate is set on the sample holder, with a substrate-to-cathode
distance of ~100 mm. The working gas was pure argon. The argon flow rate was fixed at 30
standard cubic centimeters per minute (sccm). During deposition, the substrate was rotated
with an average speed of 15 rpm for the uniform distribution of the film thickness. The

process of the Zrs;CuygTijg thin film is similar to ZrggCus;. The deposition condition is set at
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DC Zr 250 W, DC Cu 200, and RF Ti 140 W.

The films were fabricated by the co-sputtering with the ZrgsCuysTijo in wt% alloy target
and the pure Ta target, which were both set on the direct current (DC) cathodes. The purity of
ZresCuysTijg and Ta target 1s 99.9% and 99.95%, respectively. Before processing, the base
pressure of the chamber is at 5 x 107 torr or greater. The ZrCuTi-rich films were fabricated at
a fixed power of 300 W for the ZrCuTi cathode and various powers of 50, 100, 200 and 300
W for the Ta cathode, resulting in increasing Ta content. To reach the high Ta content greater
than ~50 at%, the Ta-rich films were fabricated at a fixed power of 300 W for Ta and the
decreasing powers of 200, 150, 100 and 50 W for ZrCuTi. The ZrCuTi alloy films without Ta
and pure Ta thin films were also prepared for comparison. The thickness of all as-deposited

ZrCuTiTa alloy thin films lies within 2~3 pm.

Two different Zr-Cu-Ti/Ta multilayer thin films were fabricated with the thickness of
Zr-Cu-Ti and Ta individual layer equal to 50 nm/50 nm and 50 nm/5 nm, respectively. The
details of the monolayer and multilayer sputtering conditions are summarized in Table 3-1.
During deposition, the substrate was rotated with an average speed of 15 rpm for the uniform

distribution of the film thickness.

3-3-3 Post-treatment of the as-deposited ZrCu and ZrCuTi samples

The post-treatment is used in the route of the structural relaxation. In this study, the
ZrsoCus; and Zrs)CuyTij9 TFMGs are discussed in the influence of the sub-T, annealing.
First, the specimens are set in the rapid thermal annealing (RTA) system. The mechanical
pump starts to lower the chamber pressure to 8x107 torr. Thus, the chamber pressure is

reduced below 1x107 torr and remains for 30 minutes to ensure the clearance of the chamber.
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The annealing route of ZrgCus;, named as ZC, and Zrs;CuygTijg, named as ZCT, TFMGs is
shown in Fig. 3-5. First, stages I and II are the heating stage with a slow heating rate and the
holding stage to stabilize the atmosphere and remove the residual vapor. Then, the specimens
are heated with the heating rate of 2 K/s and hold at 200°C or 473 K (~0.8T,) in stage IIL
Then, stage IV is the holding stage for the annealing. The duration time is for 15 minutes.
Repeat the annealing process four times to reach the target of the annealing time, equal to 60
minutes. The annealed specimens of ZrgCus; and Zrs,CuyyTij9 are named as ZC200 and
ZCT200, respectively. Similarly, the ZrCuTi TFMGs are annealed at 290°C or 563 K
(~0.95T,) for 60 minutes. The annealed specimens of Zrs;CuygTij9 at 290°C are named as
ZCT290. After the end of the annealing process, the specimens are taken out until the

temperature of the specimens is below 323 K.

3-4 Property measurements and analysis

3-4-1 X-ray diffraction

The nature of the thin film fabricated by the magnetic sputtering deposition is examined
by X-ray diffraction (XRD). The SIEMENS DS5000 X-ray diffractometer with Cu
K, radiation (A = 1.5406 A), operated at 40 kV and 30 mA, and equipped with 0.02 mm
graphite monochrometer, is utilized. The ranges of the diffraction angle 26 of the specimens

were within 20° to 60°, respectively, at the scanning rate of 0.0083 °/s.

3-4-2 Qualitative and quantitative constituent analysis

In order to identify the constituent component and confirm the composition percentage

of the binary metallic thin films, the samples are characterized by a Joel 6330 scanning
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electron microscopy (SEM) with energy dispersive X-ray spectrometry (EDS). The film
surface is selected to examine the quantity of the designed compositions by EDS. By using
the electron beams at 10 kV, the composition of each sample is averaged by 10 measurements.

which standard error is ~5 at%.

3-4-3 Thermal analysis using differential scanning calorimetry

The Perkin Elmer, Pyris Diamond DSC is used for thermal analysis to determine the
temperature of the phase transformation. The as-deposited films are first peeled off, avoiding
the effect of the substrate. For the Cu containers of reference and sample, the thermal history
between them was removed by using annealing. In DSC analysis, for the non-isothermal

heating course, the Zr-Cu-Ti thin films are heated to 823 K at the heating rate of 10 K/min.

3-4-4 Plan-view TEM analysis

To understand the microstructure of as-deposited metallic thin film, plane-view TEM
specimens are prepared via ion-thinning technique (GATAN PIPS-691 Ion-Miller). Then, to
prepare the plane-view TEM specimen, as-deposited thin films are bound on a 3-mm Mo slot
grid and thinned until the thickness is lower than 100 nm via an ion miller below 3 keV.
Finally, the plane-view specimens are examined using the JOEL 3010 analytical scanning
transmission electron microscope (AEM) at 300 kV and FEI E.O Tecnai F20 G2

Field-Emission TEM at 200 kV.

3-4-5 Mechanical tests in micro-scale
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3-4-5-1 Measurement of elastic modulus and hardness via nanoindentation

The MTS XP nanoindenter is used to evaluate the nanomechanical properties of a series
of the Zr-based TFMGs coated on the Si (001) wafer with the thickness equal to 2~3 pum.
During the process of indentation, the deeper penetration depth, the higher effect of the
substrate. Generally speaking, the examined mechanical properties without the substrate
effect were tested within about 10% thickness of the film. Hence, the Zr-based TFMGs with
the Si substrate were tested by the nanoindenter operated in the loading-rate-control mode. In
this mode, indentation without applied frequency would trace the mechanical response from
indentation deformation. In this study, the as-deposited thin film would are indented up to the
maximum load equal to 5 mN at 0.01, 0.05, 0.1, 0.5, 1 and 5 mN/s. The peak holding time is

equal to 30 seconds. Every condition would test 10 times to get the reliable data.

3-4-5-2  Microcompression test

The micropillar specimens of Zrs;CuygTijo, Zr45Cu27Ti15Tal3, Z131CuysTioTags,
Zr14CusTisTay, ZrssCusTiyg 50 nm/ Ta50 nm, and ZrssCuzTiys 50 nm/Ta 5 nm were

prepared via dual-beam focus ion beam (FIB) system (Seiko, SMI3050 SE). The top diameter

and helght of ZI‘52CU.29Ti19, Zr45Cu27Ti15Ta Zr31Cu15Ti10Ta44, Zr14Cu7Ti5Ta74, micropillar 1S

13
~900 nm and ~2000 nm, respectively. The micropillar ZrssCus;Tijs 50 nm/Ta 50 nm, and
Zr55Cuz Tijg 50 nm/Ta 5 nm is ~900 nm in diameter rand ~1500 nm in height. The

microcompression tests were performed at MTS Nanoindenter XP system with a flat-end

Berkovich tip. The shape is equilateral triangle with the 13.5 um in each side.

All tests are performed at loading rate control mode using 2-cyclc test. In this test, the

micropillar was tested at the load function, as shown in Fig. 3-6. The values of the loading
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time (At;,Ats, Aty, and Ate) are the same. The holding time at the first and second peak load
(At, and Ats) are both set as 60 seconds. The first peak load (P;) is half to the second peak
load (P3), and P; is 1/10 of P;. To determine the peak load, the yield stress is roughly equal to
H/3 using Von Mises yield criterion. In the case of Zrs;CuyTij, Zr 45Cu27Ti15Ta1 3
Zr31Cu;5Ti10Tags, and ZrssCus Tijs 50 nm/Ta 5 nm, the values of P, and At; are 2 mN and 120
seconds. In the case of ZrssCuzTi4 50 nm/Ta 50 nm and Zr4Cu;TisTaz4, the values of P, and
At; are 3 mN and 180 seconds. Thus, the peak load in the microcompression of

nanocrystalline Ta pillars is set at 4 mN. The testing conditions are all listed in Table 3-2.

Considering the deformation characteristics in the ZrssCus;Tijg 50 nm/Ta 50 nm
nanolaminate system is more complex than the condition in the monolithic TFMG, one more
test at 2.5 mN was performed to understand the deformation process in detail. The loading

rate at 2.5 mN is equal to 0.0163 mNs™ close to the test at 3 mN.
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Chapter 4 Results

4-1 Sub-T, annealing of Zr-based TFMGs

The effect of annealing on mechanical behaviors has been studied. Many researchers
found that annealed amorphous alloys become more brittle [92-95] by the precipitation of the
intermetallic compounds or the structural relaxation. The embrittlement characteristic causes
some critical concern for the potential applications. Here, we would like to use the
nanoindentation technique to analyses the relationship between the mechanical behaviors and

sub-T, annealing.

4-1-1 Structural of ZrCu and ZrCuTi TFMGs

4-1-1-1 SEM/EDS analysis of ZrCu and ZrCuTi TFMGs

Quantity analysis of as-deposited ZrCu and ZrCuTi thin films was performed using
SEM/EDS at low magnifications. As shown in Figs. 4-1(a) and (b), the surfaces of ZrCu and
ZrCuTi are plane and smooth. The compositions of the two thin films were measured by
collect at least 50 um x 50 um. In average, the ZrCu thin films are composed by 69 at% Zr
and 31 at% Cu; and the ZrCuTi thin films are composed by 52 at% Zr, 29 at% Cu and 19%

Ti.

4-1-1-2 XRD analysis of ZrCu and ZrCuTi TFMGs

In Table 4-1, the basic properties of Zr, Cu, and Ti are listed. Zr is the element with the
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largest atomic radius. The middle is Ti, and the smallest element is Cu [96]. The difference in
Zr-Cu, Ti-Cu, and Zr-Ti are ~24%, ~15%, ~8%, respectively. Moreover, Table 4-2 lists the
heat of mixing (AHpix) of the Zr-Cu, Ti-Cu and Zr-Ti system, equal to -23, -9, and 0 kJ/mol
[97]. According to the empirical rule for the fabrication of amorphous alloys [7], the ZrCuTi
amorphous alloys are expected to be produced. The co-sputtered Zr-based thin films,
including ZregCus; and Zrs,CuygTig, were characterized by XRD. As shown in Fig. 4-2, the
broadened humps of the two samples indicate the formation of amorphous phase. To simplify
the process, the ZrCuTi thin film metallic glasses were also successfully fabricated via alloy
sputtering using pre-alloyed targets. The composition difference between the as-fabricated
ZrCuTi via co-sputtering and alloy sputtering is smaller than 5 at%. The corresponding
diffraction patterns of the two ZrCuTi specimens are shown in Fig. 4-3, indicating the similar
amorphous characteristics. This means that the structural characteristic is insensitive to the

deposition process.

4-1-2 Influence of hysteresis effect on mechanical properties of Zr-based TFMGs

Through nanoindentation tests, the basic information, including elastic modulus and
hardness, can be obtained. According to the research of Oliver and Pharr [98], an indentation
test is composed of three parts: loading, holding and unloading segments. The displacement
of the loading segment is attributed to the elastic and plastic deformation. The holding
segment is caused by the time-dependent deformation of the materials. The unloading

segment is attributed to the elastic recovery.

The relationship between the indentation depth (h) and the projection indentation area

(A(h)) can be expressed by the following equation:
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A(h)=agh’ +ah+a,h” +ah* +a,ht @1

where ag to a4 are constants. For perfect Berkovich tips, the value of ag is 24.5. In reality, the
value of ap would be slightly different for various tips. The values of a; to a4 are determined
via the elastic modulus calibration of standard fused silica. To determine the elastic modulus
of the test materials, the reduced elastic modulus (E,) can be calculated by the following

equation.

Tt S

bl

B 2 JA, (4-2)
where [3 is equal to 1.034 for a Berkovich tip. A, and S are the contact area of indentation
mark, which is corrected by the elastic recovery, and the unloading stiffness, respectively.

According to Oliver and Pharr [98], the unloading curve can be expressed as a power-law

equation,

P =B(h - hy)", (4-3)
where P is the applied load, h is the displacement, B and m are empirically determined fitting
parameters, and hy is the final displacement after complete unloading (also determined by

curve fitting). Thus, the unloading stiffness (S) is can be established through the

differentiation of Eq. 4-3 at the maximum depth (hpax),

S =Bm(h - h9)™" fnmax (4-4)
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The contact area (A.(h)) is a modified projection area which corrects and removes the effect

of the elastic recovery, expressed as the following equation:

Ach)=ah +ah +ah +ah rah 4-5)

where a) to a4 are equal to the values in Eq. 4-1, respectively, h, is defined as the contact
depth which is the indentation depth corrected by the deleting of the contribution of elastic

deformation from the following equation:
P

h,=h-¢g—, 4-6
S (4-6)

where ¢ is the geometry constant. In the case of Berkovich tip, € is equal to 0.75. And P, S
and h are the applied load, stiffness from the unloading segment and indentation depth from

instrument, respectively.

After calculating the reduced elastic modulus from Eq. 4-2, the elastic modulus of the
test materials can be extracted through the removal of the contribution from the tip, as shown

below,

1 1—vi 1=V}

E. Es Ei (4-7)

where Eg and vg are the elastic modulus and Poisson's ratio for the sample. E; and vj are the
elastic modulus and Poisson's ratio for the indenter tip. For diamond Berkovich tip, vi = 0.07
and Ej = 1141 GPa. After calculating the elastic modulus, the indentation hardness can be

calculated using the following equation,
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H=—, (4-8)

where H, P, and A, are the indentation hardness, load and contact area. According to Egs. 4-2
and 4-8, the elastic modulus and hardness of the materials can be easily conducted at each

loading rate.

The mechanical properties of the ZrgCus; amorphous alloy are measured by
nanoindenter. As we know, the deformation caused by the impression of Berkovich tip can be
divided into elastic and plastic parts at the quasi-static range. However, with increasing
loading rate, the visco-elastic characteristics would be detected during the nanoindentation
test. Under this condition, the mechanical response can consist of the elastic, visco-elastic and
plastic regions. In other words, the load-displacement (P-h) curve would show the similar
loop like axial compressive or tensile tests, as shown in Fig. 4-4. In this test, the peak load
from the first to fifth cycle is 0.028, 0.625, 1.25, 2.5, 5 mN, respectively. By dividing the
loading time (1 s), the loading rate in each cycle is equal to 0.028, 0.625, 1.25, 2.5, and 5
mNs™', respectively. The results show that the hysteresis phenomena also appear in the
nanoindentation test at various loading rates. Also the hysteresis phenomena in the

compressive and tensile test are dependent on the applied stress and strain rate.

Before extracting the measured data, it is important to know the source of the hysteresis
characteristic. The measured data are attributed to the contribution of the test material, the tip,
and the machine. The three parts, thus, can be treated as a series connecting. In MTS
nanoindenter, the force is applied while the computer input signals are driven by the

electromagnetic controlling system. If the setting of the loading rate is too fast, a potential
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problem from the controlling system is the hysteresis effect from the electromagnetic
controlling system. The feedback rate would be too slow to let the applied loading rate fit the
computer signals. In addition, the tip mass of the MTS nanoindenter XP is 6 g, which is
heavier than that of Hysitron Triboindenter equal to 236 mg. The design of the MTS
nanoindenter brings the error of the measured properties from the as-mentioned effects,
limiting the range of the test conditions. For the case of ZrgCus,, the slope of the unloading
curve in each cycle, as shown in Fig. 4-4, exhibits a continuous change of the slope, leading

to the difficulty of the extraction of the slope.

Thus, how to get the elastic modulus with the hysteresis response is important. From Eq.
4-4, the stiffness is defined as the slope of the unloading segment. A simple correction is to
utilize the linear part of the unloading segment, as shown in Fig. 4-5. After this correction, the
elastic modulus and hardness would be modified, shown in Fig. 4-5. These results still show a
lower value of the elastic modulus tested at 5 mNs™', meaning that the hysteresis effect has
not been fully corrected. In other words, in addition to the contribution of test samples, the
machine would also exhibit the hysteresis effect. Under this condition, the measured data are
not suitable for the measurement of the mechanical properties. In our study, all discussions
and comparisons of mechanical properties are based on the hypothesis that the test condition
is at quasi-static state. Hence, the tests in the dynamic regions would not be discussed. The

comparison of the mechanical properties is made for data obtained below 5 mNs™.

As shown in Fig. 4-6, elastic modulus and hardness almost remain constant from 0.01 to
1 mNs™'. For the test condition at 0.01 mNs™, a larger deviation compared with other test
conditions would be introduced. The reason might be related to the thermal drift from
surrounding. Also, according to the hardness variation shown in Fig. 4-6, the measured

hardness and elastic modulus almost keeps a constant at ~5 GPa and ~102 GPa. The strain
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rate sensitivity does not seem to play an important role in the ZrgCus; thin film metallic

glasses.

4-1-3 Evolution of mechanical properties of ZrgCus; and Zrs;CuzgTing TFMGs via

sub-T4 annealing

4-1-3-1 Evolution of the mechanical properties by sub-Ty annealing

According to the literature of Rivory et al. [44], the glass-transition temperature of
ZreoCusz; fabricated by sputtering was measured to be 357°C (630 K). The annealing
temperature in this study was 473 K (~0.75T,). The XRD patterns, shown in Fig. 4-7,
indicate no crystalline peaks formed after annealing. Compared with the elastic modulus of
the as-deposited films (94 GPa), the elastic modulus of the annealed ZrgCuz; TFMG is 99
GPa, only 4% difference to the as-deposited films. It indicates that the amorphous nature
slightly does not change much after annealing. Meanwhile, the hardness increases slightly

from 5.2 to 5.7 GPa.

A similar transition of mechanical properties also occurs for Zrs;CugTij9 TFMGs.
According to the DSC scan, shown in Fig. 4-8, the obvious Tx point is 303°C (576 K). T, is
vague in the DSC curve due to the occurrence of the structural relaxation because of a high
content of excess free volumes [44]. Utilizing the differential operation, T, can be roughly
found in the DDSC curve, equal to ~292°C (565 K). The annealing condition was set at
200°C (473 K) and 290°C (563 K), corresponding to ~0.83 and ~0.99T,, respectively. Figure
4-9 shows the diffraction patterns, indicating the crystallization also does not occur during

annealing.
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Figure 4-10 shows the evolution of the mechanical properties influenced by the
structural relaxation. Through annealing, the elastic modulus slightly increases from 102 to
112 GPa. The major reason causing the slightly increment of elastic modulus should come
from the structural relaxation, not crystallization, due to the absence of any crystalline peak
during annealing. Moreover, the hardness exhibits a considerable ~30% increment from 5.4
to 6.9 GPa, implying the structural relaxation would be an useful way for strengthening

amorphous alloys. It will be discussed in Chapter 5.

4-1-3-2  Evolution of the mechanical response by sub-T4 annealing

In addition to the hardness increase after annealing, obvious pop-in events also appear
after annealing. Figures 4-11(a) and (b) show the P-h curves of ZC and ZC200 indicating that
the five curves from left to right are the results tested at 1, 0.5, 0.1, 0.05, and 0.01 mNs™. In
Fig. 4-11(a), no discontinuous signals (pop-in events) are observed at each loading rate. As
shown in Fig. 4-11(b), the pop-in events become obvious with decreasing loading rate after

annealing at 200°C (473 K).

For the case of the ZrspCuy9Tijg (ZCT) TFMGs, the P-h curves, as shown in Fig. 4-12(a),
exhibit the pop-in events at the last indentation stage. The corresponding P-h curves of the
ZCT sample annealed at 200 and 290°C are shown in Figs. 4-12(b) and (c). The initial stage
of the indentation exhibits obvious pop-in events. This evolution of the mechanical response
is similar to that of ZrgCus;. How the structural relaxation influences the pop-in events is an

interesting issue, and which will be discussed in Chapter 5.

4-2 Taaddition in ZrCuTi alloy system
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4-2-1 Structural characteristics of ZrCuTiTa alloy thin films via co-sputtering

The ZrCuTi and ZrCuTiTa thin film metallic glasses can both be fabricated by alloy
sputtering. Considering the limit of the sputtering instrument and the simplification of the
fabrication process, it is easier to control the composition via the co-deposition of ZrCuTi and
Ta cathodes. The ZrCuTi alloy thin films with a series of tantalum addition were fabricated.
As mentioned in Section 3-3-2, the recipe of the ZrCuTiTa can be divided into two parts. One
group is processed at the constant value (300 W) of the ZrCuTi cathode and a series values
(50, 100, 200, and 300 W) of Ta cathode. Another group is processed at the constant value
(300 W) of the Ta cathode and a series values (200, 150, 100 and 50 W) of the ZrCuTi
cathode. Also, the reference materials, monolithic ZrCuTi and pure Ta thin films, are also

fabricated.

To understand the composition change by changing the powers of ZrCuTi and Ta
cathodes, SEM/EDS measurements are made, as presented in Fig. 4-13. As shown in the left
side of Fig. 4-13, the Ta content in the ZrCuTi-rich films increases with increasing Ta cathode
power and reaches ~60 at%. In parallel, as shown in the right side of Fig. 4-13, the Ta content

in the Ta-rich films can reach ~90 at% with decreasing ZrCuTi cathode power.

Figure 4-14 shows the XRD scans of the as-deposited ZrCuTiTa thin films, showing the
broadening hump characteristic attributed to the amorphous nature for films with Ta content
from 0 to ~75 at%. The ZrCuTi amorphous films with 75 at% Ta are demonstrated to be
successfully fabricated without the precipitation of nanocrystalline phases. As the Ta content
is higher than ~75 at%, the structure transfers to nanocrystalline structure corresponding to
the tetragonal B-Ta phase. Moreover, to understand if nanocrystalline Ta would precipitate in

the ZrCuTi amorphous matrix, the microstructure of these specimens is confirmed via TEM
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observation. Figures 4-15(a)-(f) present the plane-view bright-field images (BFI) showing the
uniform contrast in the amorphous ZrCuTiTa thin films, indicating no obvious

nanocrystalline particles have formed.

From the thermodynamic database [97], the heat of mixing in Zr-Ta, Cu-Ta, and Ti-Ta is
+3, +2, and +1 kJ/mol, respectively. This indicates Ta is finally immiscible to Zr, Cu and Ti at
given sufficient time and temperature. Because of the absence of the Ta crystalline phase, the
as-fabricated alloy thin films are composed of the ZrCuTi amorphous solid solution with
supersaturated Ta. Finally, the addition of immiscible Ta greater than 75 at% would lead to
the formation of nanocrystalline Ta phase, shown in Figs. 4-15(g)-(i). Compared with the
microstructure of pure Ta, as shown in Fig. 4-15(i), the grain size in these three specimens

(83, 92 and pure Ta) are similar, equal to about 30 nm in diameter.

4-2-2 Nanoindentation results of ZrCuTiTa thin films via co-sputtering

Considering the ZrCuTi thin films with addition of Ta, as shown in Table 4-3, the elastic
modulus of a series of the ZrCuTiTa alloy thin films remains a constant from 0.05 to 1 mNs™,
respectively, indicating that the test condition is located in the quasi-state range. Thus, the
hardness of the ZrCuTiTa alloy thin films, shown in Table 4-4, almost keep constant, meaning
all of the ZrCuTiTa alloy thin films are insensitive to the loading rate, the same as the

previous results of ZrgoCus; and ZrspCuyoTijo.

As mentioned above, we understand the rate and structural-relaxation effect in the
amorphous alloys. In this section, the composition effect is discussed. By adding Ta in the
ZrCuTi amorphous alloys, the mechanical properties and responses would be changed. The

mechanical properties of ZrCuTiTa alloy thin films are compared at the test condition equal
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to 0.05 mNs'. Figure 4-16(a) shows the relationship between Ta addition and the
corresponding elastic modulus. Among all ZrCuTiTa alloy thin films, the glass forming range
is strongly dependent on Ta content. From 0 to ~75 at%, the ZrCuTiTa alloy thin films exhibit
amorphous nature; and for Ta greater than 75 at%, ZrCuTiTa alloy thin films exhibit the fully
nanocrystalline characteristic while Ta content is greater than ~75%. Moreover, according to
Fig. 4-16(a), a transition point of the elastic modulus is found at ~50 at%. Hence, the
ZrCuTiTa alloy thin films can be divided into three regions: region I, II and III. In region I,
named as Zr-rich ZrCuTiTa TFMGs, Ta content is from 0 to 50 at%. The ZrCuTiTa alloy thin
films with Ta content from 50 to 75 at% is named as Ta-rich ZrCuTiTa TFMGs located in
region II. Finally, region III corresponds to the nanocrystalline ZrCuTiTa alloy thin films,
named as nc-Ta. As shown in Fig. 4-16(b), the hardness also increases with increasing Ta

content, similar to the trend of the elastic modulus.

According to the nanoindentation platform, the deformation courses during indentation
can be recorded with high resolution in load and displacement. Figures 4-17 to 4-19 show the
P-h curves of Zr-rich, Ta-rich, and nc-Ta alloy thin films tested at 0.05 to 1 mNs™,
respectively. Comparing the results at 0.05 mNs™, with increasing Ta content, the pop-in
events become vague gradually at 0.05 mNs™, implying Ta would change the deformation
characteristics in shear deformation. Also, Fig. 4-20 shows the SEM images of indentation
marks at the depth of 1000 nm in a series of co-sputtered ZrCuTiTa alloy thin films. Figures
4-20(a) to (f) present the trace of shear bands in the ZrCuTiTa TFMGs; Figs. 4-20(g) and (h)
show no trace of shear bands in the nc-Ta thin films. Contrary to ZrCuTiTa TFMGs, no traces
of shear bands but the pile-up characteristic in ZrssCus;Tij4 are observed near the indentation
marks, shown in the mark in Fig. 4-21(a). For the nc-Ta alloy thin films, Figs. 4-20(g)-(h) and

Fig. 4-21(b) show a similar morphology, indicating no traces of shear bands.
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4-2-3 Structural characteristics of ZrCuTi/Ta multilayer nanocomposite via

alternative deposition

By adjusting the deposition time in the alternative deposition process, the thickness of
the ZrCuTi alloy layers and Ta metallic layers can be controlled. As shown in Figs. 4-22(a)
and (b), the cross-section BFI images of the two multilayer specimens consisting of 50 nm/50
nm individual layers and 50 nm/5 nm individual layers, respectively. The layers with black
contrast correspond to the Ta layers, and the layers with white contrast correspond to the ZCT
ones. In the Ta layers, the grain size is ~30 nm in diameter. The SAD patterns of these two
specimens inserted in Figs. 4-22(a) and (b) show a diffused halo ring and the crystalline
diffraction spots, corresponding to the amorphous nature of the ZCT layers and the

nanocrystalline Ta layers.

As shown in Fig. 4-23(a), the ZCT 50 nm/Ta 50 nm multilayer thin films possess the
diffraction of nanocrystalline Ta layers and the scattering of ZrCuTi amorphous layers. Two
higher peaks at 33.8° and 38.9° belong to the diffraction of B-Ta (002) and (212) planes,
respectively. Between the two peaks, a broadened hump exists between the diffraction peaks,
corresponding to the ZrCuTi amorphous phase. Compared with the ZCT 50 nm/Ta 50 nm
multilayer thin films, a thinner Ta thickness exhibits the weaker diffraction intensity, as
shown in Fig. 4-23(b). However, the nanocrystalline peaks are not clear in the multilayer with

thinner Ta crystalline layers.

4-2-4 Nanoindentation results of amorphous ZrCuTi/nanocrystalline Ta multilayer

nanocomposites

Compared with co-sputtered ZrCuTiTa TFMGs, Ta can be introduced into ZrCuTi
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TFMGs and serves as the reinforcement layers by the alternative deposition technique. The
multilayer nanocomposites composed by the ZrCuTi and Ta layers were fabricated. Figure
4-24(a) shows the relationship between the elastic modulus and loading rate. A small
deviation of the elastic modulus from 0.05 to 1 mNs" means all tests are located in
quasi-state condition. In addition, the rate effect also does not play the major role in

deformation, as shown in Fig. 2-24(b).

Figures 2-25(a) and (b) shows the P-h curves, indicating no pop-in event was tracked.
These results are similar to the co-sputtered Ta-rich ZrCuTiTa TFMGs. In terms of the
indentation marks, Fig. 4-26(a) shows a large quantity of shear band traces near the

indentation mark.

4-3  Microcompression properties of ZrssCus; Tiy, pillars with Ta addition

4-3-1 Pre-load effect in microcompression test

Considering the fabrication of micropillar utilizing FIB, the taper angle would lead to
the overestimation of the elastic strain. To solve this problem, a modified test for
microcompression is brought up. The microcompression test can be divided into two cycles.
The first cycle is the elastic deformation which applied load is set at below yield strength; the
second cycle is set after yielding. Before introducing the two-cycle test in microcompression
test, we need to understand the influence of the applied stress in the elastic region. The test
material is the Zr3;Cu;sTijgTass micropillar (1 um in diameter and 2 um in height). The test
condition is at the load equal to 1.2 mN at 6x10™* s”'. The holding time at the peak load is 2
seconds. The engineering stress-strain curve, as shown in Fig. 4-27, indicates no strain burst

in the elastic deformation.
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The data of the unloading segment is from the upper peak load (1.2 mN) to the lower
peak load (0.12 mN), 10% of the upper peak load (1.2 mN). The corresponding recovery
displacement is from ~75 nm to ~20 nm. The residual displacement after fully elastic
recovery is ~10 nm, estimated by the linear extrapolation. Thus, the volume change can be
discussed in two cases: the perfect ideal pillar (no taper) and the tapered one. Considering the
perfect micropillar in 1 um diameter, the pillar height is set at 2 pm. The pillar volume is
equal to 1.57x10° nm’. After deformation, the decrease of the pillar height is ~10 nm. The
change of the diameter after compression is smaller than 3 nm. Due to the SEM resolution,
the change in diameter might not be found. From the calculation for the ideal case, the

influence from the pre-load effect can be neglected.

Thus, in the real case we can measure the change of the top and bottom diameter before
and after deformation, as shown in Figs. 4-28(a) and (b). Compared with the morphology of
the as-fabricated and elastic-deformed micropillar, as shown in Figs. 4-28(a) and (b), no shear
band traces are observed at the appearance of the micropillar, indicating the deformation in
the elastic region can be seen as homogenous deformation. Moreover, the change of the pillar
diameter at the top is too small to be measured due to the limit of the SEM resolution. These
results mean that the change of the diameter in the tapered pillar can also be neglected, the

same as the perfect pillar.

To summarize these results, the pre-load effect can provide a stable contact between the

surface of the tip and the top of the micropillar. The accidents while the tip surface contacts

the top of the micropillar can be effectively reduced.
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4-3-2  Microcompression results of ZrCuTiTa thin film metallic glasses

As mentioned in Section 4-1, the ZrCuTiTa thin films were fabricated by co-sputtering.
The micropillars of ZrssCusTiys, ZrasCuysTiisTags, Zr;CujsTijgTass and Zri4CuyTisTazs
TFMGs in 1 um diameter were fabricated by Ga' ion milling in FIB. The microcompression
tests of ZrssCus Tiyg, ZrssCuysTisTas, ZrsiCusTigTas, and Zri4Cu;TisTa;s TEFMGs and
nanocrystalline Ta were performed on the Agilent nanoindenter XP system. After tests, first

of all, the strain rate (€ ) can be obtained by the following equation,

€= 1 db , (4-9)
h, dt
where h and h, are the measured displacement and the pillar height, respectively, and t is test

time. Utilizing this transformation, the corresponding strain rates in these tests are all at the

level equal to 10 s™, listed in Table 4-5.

The load-displacement curves of these specimens can be readily converted into the
engineering stress-strain curves by the transformation from load to engineering stress and
displacement to engineering strain. As shown in Figs. 4-29(a)-(d), these figures combine the
load-displacement and engineering stress-strain curves, and indicate an obvious transition
point from elastic-to-plastic characteristic, and the signals of the plastic deformation is
discontinuous, i.e. the strain bursts. In terms of the deformation of amorphous alloys, this
kind of the plastic deformation is caused by shear band propagation. Since the micropillar is
tapered, the stress would be concentrated at the top of the pillars due to the smaller contact
area. Moreover, we define the stress at the first strain burst event as the yield stress from the

engineering stress-strain curve. As shown in Figs. 4-29(a)-(d), the yield stress increases with
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increasing Ta content from 1.74 to 3.26 GPa, listed in Table 4-5. The increasing trend of the
yield stress matches that of hardness measured by nanoindenter. Figures 4-30(a)-(c) show the
deformed ZrssCus Tis, ZrssCupsTijsTajs, and Zr;CujsTijgTass micropillars. The results
indicate that shear bands are emitted from the top of pillars, corresponding to the strain-burst
events. In these three specimens, almost all shear bands are emitted parallel to each other. No

cross trace of shear bands is observed.

Contrarily, no obvious strain-burst events are observed in the engineering stress-strain
curves of the Zr4Cu;TisTazs micropillar, as shown in Fig. 4-29(d), indicating the
continuous-like characteristic occurred in the microcompression. However, the deformed
pillar of Zr;4CusTisTas4 still shows the emission of shear bands similar to the typical
deformation characteristic of amorphous alloys. Different from other three pillars in Figs.
4-30(a)-(c), an obvious crossing of shear bands is found at the top of the Zr;4Cu;TisTa4 pillar,
presented in Fig. 4-30(d). Compared with the previous results of Lai et al. [85], the Zr-based
l-um-diameter micropillar shows no crossing shear bands the surface. The discrepancy
implies that the deformation phenomena of Zr;4Cu;TisTa;s seem to be influenced by the

compositional or structural effect.

4-3-3 Microcompression results of nanocrystalline Ta micropillars

To understand the deformation characteristic of nanocrystalline Ta, the
microcompression of nanocrystalline Ta micropillar was performed. The engineering
stress-strain curve indicates, as shown in Fig. 4-31, an obvious yielding characteristic at 5.77
GPa. The SEI image of the deformed pillar is shown in Fig. 4-32, showing that the plastic

deformation is homogenous different from that in the monolithic amorphous alloys.
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4-3-4  Microcompression results of ZrCuTi/Ta amorphous/nanocrystalline

multilayered composites

Compared with the monolithic ZrCuTiTa TFMGs in Section 4-3-2, the multilayer
micropillars composed by ZCT 50 nm/Ta 5 nm and ZCT 50 nm/Ta 50 nm are also tested. As
shown in Figs. 4-33(a) and (b), the engineering stress-train curves show a similar
characteristic to co-sputtered monolithic ZrCuTiTa micropillars, indicating an obvious
elastic-to-plastic transition. The yield stress determined at the transition point from the first
strain-burst event is obtained from the departure load divided by the top area, listed in Table
4-5. Compared with co-sputtered ZrCuTiTa amorphous micropillars, the yielding stress of
ZrCuTi 50 nm/Ta 5 nm is 1.91 GPa, slightly greater than that of ZrssCus; Tii4 (1.74 GPa). The
deviation of the yield stress would be caused by the ~10 vol% introduction of the
nanocrystalline Ta layers. Also, the typical strain burst events are shown in Figs. 4-34(a) and
4-34(b), similar to that for the 50/5 and 50/50 multilayered micropillars, the phenomena of
the strain burst are similar to that of ZrssCus;Tij4. It indicates no apparent effect on the basic

deformation mechanism by inserting 5 or 50 nm Ta layers.

In the case of ZCT 50 nm/Ta 50 nm, the yielding strength is 3.46 GPa, much higher than
that of ZCT 50 nm/Ta 5 nm, attributing to the 50 vol% nanocrystalline Ta. As listed in Table
4-5, ZCT 50 nm/Ta 50 nm exhibits the highest yield stress, about ~100% improvement to the
base ZrssCus Tijs. It indicating the introduction of the high-strength Ta layers can not only

improve the yield stress but also postpone the emission of shear band propagation.

4-3-5 Microcompression results of ZrCuTi 50 nm/Ta 50 nm before strain burst

As mentioned above, inserting nanocrystalline Ta layers can effectively improve the
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mechanical properties of amorphous alloys. In addition, through the interaction between
amorphous ZrCuTi layers and nanocrystalline Ta layers, the propagation of shear bands is
effectively postponed. The critical strain where the first strain burst occurs is at ~7%. Before
strain burst, the yielding characteristic can be found at ~2% strain. For comparison, the 2%
strain at the occurrence of yielding is named as first yielding, and the ~7% strain at the first
shear banding is named as second yielding. To understand the deformation behavior, two
different strain stages were set at the strain before 7% and after 7% for the comparison of the
as-deformed micropillar and as-sheared one. The stress-strain curves of the as-deformed and
as-sheared micropillars are shown in Fig. 4-33(b) and Fig. 4-35(a), respectively. It is
interesting that the stress-strain curve exhibits the signal of yielding characteristic. However,
as illustrated in Fig. 4-36(b), the micropillar of ZrCuTi 50 nm/Ta 50 nm at ~5% is roughly
similar to un-deformed one, implying the plastic deformation is located in the interior of the

micropillar.
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Chapter 5 Discussion

5-1 Enhancement of mechanical properties of ZrCu and ZrCuTi TFMGs

via sub-T, annealing

As mentioned in Section 4-1-4, the mechanical properties, especially hardness, can be
enhanced via annealing. In Fig. 4-10, the improvement of hardness is up to ~30%. According
to the literature of Yavari et al. [99], the mechanical properties would be strongly related to
the structural evolution, defect evolution, and gas atmosphere during annealing. In this
section, we would discuss the factors influencing the mechanical properties, as listed below:

(1) Oxygen effect during annealing,

(2) Formation of medium range order (MRO),

(3) Structural relaxation effect.

5-1-1 Oxygen effect

Both Ti and Zr have a high oxygen affinity, thus oxygen pick-up during vacuum
annealing must be considered. Auger electronic spectrum (AES) depth-profile measurements
from the three samples were done, as shown in Fig. 5-1 [100]. Curve A is found that the
oxygen content in the as-deposited ZCT is limited to a thickness of about 8 nm from the
surface. Oxygen profile for ZCT200 (curve B) is similar to that for as-deposited Zrs,CuygTi;g
TFMGs, suggesting that oxygen absorption at 473 K is insignificant. By contrast, Curve C for
Zr55CupoTi9 TFMGs, which was annealed at 563 K for 1 h, shows some oxygen pick up.
However, oxygen absorption is still limited within 12 nm from the film surface. The
thickness of the oxygen pickup layer is ~0.5% of the thickness of the films. These surface

layers are not expected to significantly affect the hardness values, which were obtained from
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an indentation depth of ~200 nm. As shown in Fig. 5-2, the relationship between hardness
and thickness of oxygen layer suggests that the increasing level of hardness (~30%) is much
larger than that of oxygen layer (<0.5%). Therefore, the oxygen absorption should not play a

major role in the hardness increase.

5-1-2 Formation of medium range ordering (MRO) structure

Structure relaxation can proceed by various routes. During the relaxation, although
long-range diffusion is not likely to occur, the thermal energy is sufficient to rearrange atoms
locally for 1~2 nm and to form more stable MRO structures [101,102]. Structural
examinations using TEM and HRTEM do not reveal the presence of crystalline phase greater
than 2 nm. For example, Fig. 5-3(a) is a HRTEM image of ZCT. The encircled area exhibits a
scattering pattern which is different from its surrounding region, suggesting the presence of
MRO structure. The corresponding Fourier transformed diffraction patterns from the MRO
region taken with a selected square area of 1 nm still show faint and diffuse contrast,
indicating it is not a crystalline phase. It is noted, however, the density of MRO structure in
the as-sputtered ZCT TFMGs is relatively low. The population of MRO increases in ZCT200
in Fig. 5-3(b) and ZCT290 in Fig. 5-3(c). The population of MRO clusters in specimen
ZCT290 is higher than those in ZCT200 and ZCT. The presence of these MRO clusters in a
glass matrix is expected to increase the resistance for shear band propagation, thereby the
strength or hardness. This is similar to the case of having nanocrystals in a glass matrix [103].
A higher sub-T, annealing temperature or longer annealing time is expected to produce more

MRO clusters and, therefore, a higher hardness [100].

5-1-3 Annihilation of excess free volume
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The XRD pattern from the as-deposited Zrs,Cu,9Ti;9 thin film exhibits the typical broad
peak, indicating an amorphous structure. After annealing at 473 K (0.8T,) and 563 K (0.9T,),
the film still remains amorphous, according to the XRD spectra. The full widths at the half
maximum (FWHM) intensity of the amorphous hump, indicative of the inter-atomic distance,
are measured and the data are plotted in Fig. 5-4(a). Similarly, the FWHM value for the
SADs are measured and plotted in Fig. 5-4(b). Again, the values show a decreasing trend
upon annealing. With decreasing value, the inter-atomic distance appears to slightly reduce as
a result of the sub-T, annealing. Compared with the decreasing trend of FWHM, the hardness

increases with increasing annealing temperature, as shown in Fig. 5-4(c).

Furthermore, Spaepen [72] indicates the relationship between applied stress and the
free-volume density. The strain rate is a function of the average free volume of an atom vy
and the applied stress, o, as listed in Eq. 5-1. When the strain rate (or indentation rate) is

fixed and at room or low temperatures, the relation can be simplified as

o= KT ngﬂ_"*j, (5-1)

€0V

where k is the Boltzman constant, T is the temperature, g is the strain of a flow unit, vy is the
volume of a flow unit, [} is a constant, y is a geometrical factor, v* is the effective hardsphere
size of the atom, and vy is the average free volumes of an atom. Assume further that shear
band formation is proportional to the average free volume density vy, it is evident that the
strength of the material increases with a decreasing vy. In other words, the observed hardness
increase after structural relaxation is a result of the reduction of free volume caused by sub-T,
annealing. The amount and distribution of free volumes obviously play the major role in the

formation of shear bands. [72] Amorphous alloys synthesized via sputtering usually contain a
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significant amount of atomic size defects [99], as illustrated in Fig. 5-5. In as-cast metallic
glasses, open-volume defects could be broken into two categories: intrinsic voids surrounded
by nine or less atoms and larger holes surrounded by ten or more atoms [104-106]. The
intrinsic voids which are typically smaller than an atom exhibited certain similarity with
Bernal’s canonical holes. These voids cannot be removed by thermal annealing. By contrast,
the larger holes with size approximately equal to an atom or termed as the atomic size holds
were mainly nonspherical with some resemblance to crystalline vacancies. They can be
removed by annealing. During the nanoindentation of the as-deposited film (sample ZCT),
the atomic size holes serve as the sites for stress release during the initial stage of
deformation. These results in a softer material and the delay of the onset of shear band
formation, i.e., pop-in events (Fig. 5-6). It was pointed out by Schuh et al. [107] that shear
band would not nucleate unless STZ cluster has reached the critical size. This requires
multiple STZs operating in a sequential fashion, assisted by the deformation-induced free
volume. Thus, the onset of pop-in does not occur until the exhaustion of the atomic size holes

and the creation of sufficient amounts of deformation-induced free volume.

During sub-T, annealing, atoms can rearrange locally without long-range diffusion,
which reduces the average distance among atoms. The majority of atomic size holes were
gradually annealed out and the structures in samples ZCT200 and ZCT290 are partially
relaxed. Upon indentation, because of the lack of the atomic size holes to absorb deformation
strain, pop-in events occur much earlier in these samples, as shown by arrows in Fig. 5-7(b)
for specimen ZCT200. Similar situation occurs for specimen ZCT290, as shown in Fig.

5-7(c).

In conclusion, the sub-T, annealing (structural relaxation) provide a considerable

improvement in hardness [100]. Nevertheless, the structural relaxation make the yielding (the
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formation of shear band) earlier due to the annihilation of the excess free volume. The
phenomenon is called as embrittlement [94]. After relaxation, the mechanical properties of
the relaxed amorphous alloys are similar to the amorphous ceramic materials because of the

annihilation of the excess free volume.

5-1-4 Relationship between time-dependent mechanical response and sub-Ty

annealing

As mentioned in Section 5-1-2-2, the strengthening of ZrCuTi TFMGs can be achieved
by sub-T, annealing, as result of the structural relaxation. According to Yo et al. [108], the
atomic-sized defects can be annihilated in reversible and irreversible forms. The previous
type would be related to the non-equilibrium deformed structure (open-volume atomic-size
defects), meaning these defect would recover after the unloading of the stress [109,110]. The
later one can be annihilated through thermal annealing. The difference between these two
forms is the Gibbs free-energy level, as shown in Fig. 5-8 [108]. The Gibbs free-energy level
in the reversible type is similar; that in the irreversible type exhibits a larger energy gap.
Utilizing the time-dependent mechanical test, the relaxation characteristics between
as-deposited and relaxed ZCT TFMGs can be qualitatively measured. Due to the lack of
strain rate sensitivity in amorphous alloys, the holding test is set at the 5 mN for 30 seconds.
For ZCT, ZCT200 and ZCT290, the holding tests are performed at MTS nanoindenter
platform. For comparison, the test condition is set at 5, 1, and 0.05 mNs™”, and the load

functions are shown in Fig. 5-9.

Considering the effect of annealing temperature, the anelastic deformation tested at 5
mNs™ (Fig. 5-10(a)) decreases with increasing annealing temperature, implying that the

thermal unstable free volume is gradually annihilated with increasing annealing temperature.
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Moreover, the results tested at 1 and 0.05 mNs™ (Figs. 5-10(b) and 5-10(c)) are similar,
meaning that the phenomenon of structural relaxation can be detected in all test conditions.

Different test conditions just influence the magnitude of the anelastic phenomena.

As we know, the non-equilibrium deformed structure (open-volume atomic-size defects)
occurring in the loading segment would relax at the holding segment [109,110]. At 5 mNs™,
the open-volume atomic-sized defects are not completely relaxed in the loading segment
because the short loading time can not provide a sufficient time for the relaxation of this kind
defects. In other words, the displacement in the holding segment might be attributed to the
relaxation of thermally unstable defects and open-volume regions. Contrarily, the
open-volume atomic-size defects tested at 0.05 mNs™ would be almost completely relaxed in
the loading segment, indicating that the holding segment can only be attributed to the
relaxation of the thermally unstable defects. Whatever the effect of the loading rate in
time-dependent nanoindentation tests, the displacement decreases with increasing annealing

temperature. This is another indirect evidence to prove the reduction of excess volumes.

5-2 Evolution of mechanical properties of ZrCuTi TFMGs by addition of

immiscible Ta

5-2-1 Estimation of the mechanical properties in ZrCuTiTa alloy thin films

5-2-1-1 Estimation of the mechanical properties of ZrCuTiTa alloy

To understand the effect of immiscible Ta to the ZrCuTi amorphous matrix, the rule of

mixture is a good tool to analyze the evolution of mechanical properties with a variation of Ta

content. Based on the Voigt (iso-strain) and Reuss (iso-stress) model, the elastic modulus of
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the ZrCuTiTa alloy thin films can be estimated by the following equation,

Ealloy = EZrCuTierCuTi +ETafTa H (5_2)
fr uTi fa -1
alloy :(EZC : +EL) s (5-3)

ZrCuTi Ta

where Eaioy, Ezrcuti, Eta are the elastic modulus of estimated values. For ZrCuTiTa alloys,
Zrs55Cus; Tija, and tetragonal Ta, respectively, and f7:cy1i and f1, are the volume ratio of ZrCuTi

and Ta, respectively. Also, the hardness (H) can be estimated by the same model, as shown

below,
Halloy = HZrCuTierCuTi + HTafTa > (5-4)
S | J1a \a
Halloy:(H +H ) . (5-5)

ZrCuTi Ta

In the rule of mixture, the solubility of Ta is assumed to be zero, meaning Ta would
precipitate completely in the ZrCuTi amorphous matrix forming a composite, the resulting
elastic modulus and hardness can be estimated via rule of mixture, either the Voigt or the
Reuss model as the upper or lower bound [74]. Using the SEM-EDS results, at% can be
transferred to vol%. Table 1 lists the basic properties of Zr, Cu, Ti, ZrssCusz;Tij4, BCC-Ta, and
tetragonal Ta. Thus, the volume ratio can be estimated. As shown in Figs. 5-11(a) and 5-11(b),
little deviation of the elastic modulus and hardness is found between the calculations using
atomic percent and volume percent. Hence, the estimation by atomic percent would be

directly used for comparison with experiment results in the next section.
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5-2-1-2 Comparison between estimated and experimental nanoindentation results

In terms of mechanical properties, the elastic modulus of the ZrssCus; Tij4 and B-Ta films
were first measured by nanoindentation; the values are 93.5 and 220.6 GPa, respectively.
These calculated ROM values can be compared with the experimentally measured ones by
nanoindentation, as shown in Fig. 5-12. Figure 5-12(a) shows the variation of elastic modulus
as a function of Ta content, in which the data can be divided into region I (ZrCuTi-rich
TFMGs), region II (Ta-rich TFMGs), and region III (nanocrystalline B-Ta). The variation of
elastic modulus would indicate the change of atomic packing with increasing Ta content. In
region I, the measured elastic modulus initially remains nearly constant (~105 GPa) over the
Ta content from 0 to 50 at%. Then, the elastic modulus value starts to increase within the Ta
content 50-75 at% in region Il (reaching ~140 GPa). Finally, a high elastic modulus appears
when Ta content is higher than 75 at% in region III (reaching ~220.6 GPa), corresponding to
the formation of crystalline B-Ta phase. For regions I and II, the increase of elastic modulus
does not exhibit a linear trend but has a transition point near 50 at% Ta, implying there
undergoes a drastic change in atomic packing when the Ta content exceeds 50 at%, as

discussed in the next section.

In Fig, 5-12(a), the measured modulus data exhibit a large deviation except region III.
The discrepancy might be caused by many reasons. One factor influencing the modulus or
hardness of metallic glasses is the free volume amount [96]. According to Charleux et al.
[111], the elastic modulus increases with increasing annealing time through the process of
crystallization and reduction of free volume. But contrarily, the current elastic modulus of
ZrCuTiTa alloy thin films is much lower than the prediction, implying the reduction of free
volume should not be the cause. The other important factor is the local atomic bonding and

packing in metallic glasses. Note that the hypothesis (no solubility of Ta in the ZrCuTi
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amorphous matrix) made for the theoretical predictions is in fact incorrect based on the XRD
and TEM observations. Ta atoms do get involved with other elements in the local atomic
packing structure and would affect the elastic properties of the resulting ZrCuTiTa alloy thin

films. This will be discussed in the next section.

The measured hardness also exhibits a similar trend, as presented in Fig. 5-12(b). With
increasing content of Ta, the measured hardness increases. For the maximum hardness in
regions I and II of such TFMGs, the enhancement of hardness is about 100% with respect to
the hardness without the addition of immiscible Ta. The hardness levels of the ZrCuTi-rich
and Ta-rich TFMGs reach ~7 and ~10 GPa, respectively. Except for the W-, Fe-, Co-,
Ni-based amorphous alloys, Ta-based amorphous alloys exhibit the highest hardness [112].

As Ta is precipitated out in region III, the hardness increases rapidly to a level ~20 GPa.

Similar to elastic modulus, the hardness of the ZrCuTiTa films is also theoretically
calculated by the Voigt and Reuss model between ZrCuTi (5.27 GPa) and -Ta (20 GPa). As
shown in Fig. 5-12(b), the overall agreement is also poor, particularly for region II. With
increasing Ta content, the amorphous structure gradually transfer to the crystalline structure.
Hence, the hardness jumps from 10 to 16 GPa or higher, corresponding to the nanocrystalline

B-Ta with Zr, Cu and Ti solutes.

5-2-2 Structural evolution of ZrCuTiTa alloy thin films via XRD analysis

As discussion in Chapter 4, the variation of Ta concentration is sensitive to the film
structure. Figure 4-14 presents the XRD scans of the as-deposited ZrCuTiTa thin films,
showing the diffuse broad hump characteristic of an amorphous nature for films with Ta

content from 0 to 75 at%. The ZrCuTi amorphous films with 0-75 at% Ta are demonstrated to
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be successfully fabricated without the precipitation of nanocrystalline particles. As the Ta
content is higher than ~75 at%, the structure transfers to nanocrystalline structure
corresponding to the crystalline Ta which major composed by tetragonal B-Ta, as also

confirmed by TEM observations.

The solubility of immiscible Ta in the current sputtered ZrCuTiTa films can be up to ~75
at%. The XRD hump positions are seen to shift slightly to higher 20 values with increasing
Ta content. Through the mathematical operation, the diffraction spectrum can be described
using the Voigt model [113], as shown in Eq. 5-5. The peak position of amorphous hump in

20, named x, in ZrCuTiTa TFMGs can be determined [113], as shown below,

2

21In(2) &'r e
2 = (WIn2 ) + (V42 — 1)

2
T owg

I=1,+A4- dx, (5-6)

where [ and x are the value of intensity and 20, respectively. /y and 4 are the fitting parameter.
Xe, W, and wy are the peak position, FWHM of Gaussian profile, and FWHM of Lorentz
profile, respectively. The value of R in all specimens are greater than 0.95. Utilizing the
Voigt model for peak fitting, the hump positions of the ZrCuTiTa as a function of Ta content
are presented in Fig. 5-13. It can be seen that the 20 positions exhibit a linear trend at the
ZrCuTi-rich side, implying that Ta atoms are indeed present as solutes in the ZrCuTi-rich
amorphous matrix and form a monolithic amorphous solid solution. With increasing Ta
content greater than 50 at% at the Ta-rich side, the 20 positions do not increase but keep
nearly constant, implying that the high addition of Ta starts to form local Ta clustering or

Ta-Ta bonding. The 26 shift can reflect the Ta role in the sputtered films.
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5-2-3 Influence of Ta content on mechanical properties

For the current series of ZrCuTiTa TFMGs, the supersaturated Ta solute appears to be
the key in influencing the mechanical properties. Through the mathematical operation, the
peak position of inter-atomic distance in ZrCuTiTa TFMGs can be determined using Eq. 5-7.
Fig. 5-14 exhibits the relationship between peak position and elastic modulus of ZrCuTiTa
TFMGs, indicating that the peak position decreases with increasing elastic modulus. The
peak position continuously shifts to smaller values in region I and remains constant in region

II. As we know, elastic modulus can be determined by the following equation [56],

1(1(dU
E‘Z(E(ED,; (-7

where £ and U are the elastic modulus and the inter-atomic potential function, respectively.
and ry are the average distance among atoms and the bonding length, respectively. Ta is a
material with a melting point of 3269 K, much higher than Zr (2125 K), Cu (1356 K), and Ti
(1933 K), as compared in Table 5-1. Moreover, the elastic modulus of crystalline Ta (>170
GPa) is also much higher than those of crystalline Zr (129 GPa) [114], Cu (135 GPa) [115],
and Ti (128 GPa) [116]. As mentioned in previous section, a large deviation exists between
the predicted and experimental modulus values. The key is considered to be the formation of
Ta-Ta bonding. Considering the possibility of neighbor atoms among Zr, Cu, Ti, and Ta, the
bonding can be divided into three types: miscible type (Zr-Cu, Zr-Ti, and Cu-Ti), immiscible
type (Zr-Ta, Cu-Ta, and Ti-Ta), and self type (Zr-Zr, Cu-Cu, Ti-Ti, and Ta-Ta). Only the
formation of substantial Ta-Ta self bonds would lead to the apparent increase of elastic

modulus.
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According to Eq. 5-7, an increase of elastic modulus can be caused by the reduction of
bonding length or the increment of thermal stability. In the case of ZrCuTiTa thin films, a
minor addition of immiscible Ta in region I slightly decreases the bonding length (the XRD
hump to a higher 20 value), but the major bonding would still be composed by the miscible
and immiscible types. In other words, the amorphous nature would not change much with the
addition of immiscible Ta in region I. However, in region II, Ta serves as the major element in
the amorphous structure, indicating the self type of Ta-Ta bonds would form with a high

population. The schemes in region I and region II are shown in Fig. 5-15.

5-2-4 Microstructure of ZrCuTiTa thin film metallic glasses

As mentioned above, the effect of Ta addition is roughly estimated, implying that Ta
might serve as the solute in the ZrCuTi amorphous matrix at a low Ta addition or the solvent
as well as the amorphous matrix at a high Ta addition. Through the analyses of XRD
spectrums using the Voigt model, the effect of Ta content can be easily measured. The peak
position of the amorphous humps can be determined using Eq. 5-6. Moreover, FWHM of the

Voigt profile (wy) is empirically expressed as the following equation [113],

wy = 0.5346w, ++/0.2166W7 + w7 , (5-8)

where w; and wg are the FWHM of Lorentz function and Gaussian function, respectively.
After mathematical operation, the relationship among the Ta content, peak position of
amorphous hump, and FWHM of amorphous hump is shown in Fig. 5-16. The value of
FWHM in a series of ZrCuTiTa TFMGs (0 to 74 at% in Ta), exhibits a sudden jump from

5.47 to 5.75 and then gradually decrease to 4.35. Finally, the value of FWHM keeps a
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constant equal ~4.35. The non-linear change implies that Ta atoms react with Zr, Ti, and Cu
atoms. There are two possible reactions. The first one is the formation of intermediate phase,
such as intermetallic compound; another is phase separation in composition or structure. As
shown in the TEM results (Figs. 4-15(a)-(f)), no crystalline peaks were found, indicating the
intermediate phases do not form. In other words, the phase separation is the possible
candidate leading to the evolution of FWHM. Considering the phase separation in
composition or structure, two different TEM techniques were used for analysis, as presented

in next.

5-2-4-1 Tasolute in ZrCuTi amorphous matrix

As discussed in Section 5-2-3, Ta content is the major effect influencing the
microstructure. As shown in Figs. 5-17(a)-(c), the high angle annular dark field (HAADF)
images of ZrssCuysTijsTays, ZrgCupsTioTayy, and  ZrsCuysTijgTass  exhibit  the
inhomogeneous contrast. The intensity of the HAADF image (/g44pr) can be roughly

expressed as the following equation [117],

Lypr (M) oV, (O-MZJI\fS) ) (5-9)

where M is target element. Vi, oy and Zy, are the volume of the matter intercepted focus
plane, atomic packing density and atomic number, respectively. Assuming the thickness of
the TEM specimen is constant, the value of V), would be constant. The atomic packing

density can be calculated by the following equation,

O_M — atoms , (5_ 1 0)
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where V,ms and V. are the volume of the atoms occupying in the unit cell and the volume of
the unit cell. Due to the lack of the long-range ordering structure, this term is hard to
calculate. As shown in Fig. 5-18 [118], the change of the packing density in CuyZr;
amorphous alloy (x=50-75 at%) is ~0.5%, indicating that the change can be neglected in
Z-contrast image. By simplifying Eq. 5-10, the intensity of the HAADF image is directly

determined by atomic number.

For the Zr4;Cuy3Ti12Tazs and ZrsCuysTijgTass TFMGs, the composition of the bright and
dark regions can be measured using the point analysis. In Zrs;Cuy3TijpTays, the compositions
of the bright and dark regions are averaged by five tests. As shown in Table 5-3, the
difference of Zr, Cu, Ti and Ta content between the white and dark domains is smaller than 5
at%, implying that the compositional deviation is very small. Moreover, the results of the
Zr31CuysTijgTags TFMGs, as shown in Table 5-4, exhibit a tiny deviation in composition
between the white and dark domains, too. However, from Eq. 5-9, it is reasonable to suggest

that the white domains would be composed with a higher Ta content.

From the aspect of the thermodynamics, Section 5-2-3 mentions the competition of the
bonding among miscible, immiscible and self types. The HAADF results indeed support our
prediction and fix the boundary condition between regions I and II from ~50 to ~44 at% of Ta,

as shown in Fig. 5-19.

5-2-4-2 Zr, Cu, and Ti solutes in Ta amorphous matrix

Regarding the ZrCuTiTa TFMGs in region II, there are several indirect evidence,

including the XRD results, elastic modulus, and hardness, indicate that the short-range
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ordering structure (amorphous structure) gradually transfers to long-range ordering structure
(crystalline structure). The non-linear change in elastic modulus and hardness implies the
unknown phase might influence the phase transformation phenomena. The intermediate
phase or the formation of the precursor of crystalline phase would be the possibility [59,119].
Based on the Ta-Zr, Ta-Cu, and Ta-Ti binary phase diagram, as shown in Figs. 3-4(a)-(c), no
intermetallic phase exists in the three alloy systems, implying this reaction can not occur
spontaneously. The possible reaction would be attributed to the formation of precursors or
embryos of the crystalline phase. Moreover, Fig. 5-20 exhibits the X-ray diffraction patterns
at different annealing temperatures, indicating that the obvious crystallization reaction
roughly starts in the interval from 550 to 600°C. The apparent crystalline peaks can be found
at 650°C annealing, forming the BCC (a-phase) and tetragonal (B-phase) Ta. It means the

precursor would be the embryos of the crystalline tantalum phase.

Utilizing HRTEM analysis technique, the influence of Ta addition in structural aspect
can be examined. For the region I in ZrCuTiTa TFMGs, the HRTEM image of
Zr45CupsTijsTa;; TFMG is shown in Fig. 5-21(a), with the Fast Fourier transform (FFT)
spectrum shown in Fig 5-21(b). No clear lattice fringes can be found, indicating the absence
of the precursor of the crystalline phase even crystalline particles. With increasing Ta content,
the results of Zrs;Cup;3TijpTays (Figs. 5-21(c) and (d)) and Zr3;Cu;sTijgTass (Figs. 5-21(e) and
(f)) do not show crystalline fringes, too. Contrarily, the Zr,3Cu;,TigTass, ZrjoCugsTi;Taes, and
Zr14Cu;TisTazs TFMGs exhibit different phenomena in HRTEM observation, as presented in
Figs. 5-22(a), (¢), and (e) with the corresponding FFT patterns are shown in Figs. 5-22 (b), (d)
and (f), respectively. Clear lattice fringes can be found in Zr;9CusTi;Tags and Zr;4Cu;TisTazs
TFMGs. Moreover, Fig. 5-23 exhibits the magnified lattice image, indicating clear clusters.
The observation of cluster formation in Zrj4Cu;TisTa;4 TEFMGs is also another evidence for

proving the apparent elastic modulus increment.
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5-3 Mechanical behaviors in amorphous ZrCuTiTa micropillars

The signals of the strain bursts in microcompression tests represent the events of the
shear band propagation. The time versus strain rate curves of ZrssCus Tijg, ZrssCuy7TijsTays,
Zr31CuysTijgTass, and Zr;4Cu;TisTa7s TFMGs are shown in Figs. 5-24 to 5-27, respectrively.
In Fig. 5-24, the events of strain bursts occur at 1.74, 1.97, 2.17, 2.39, and 2.58 GPa. We

define €, and ¢, to be the strain rates at the elastic region, and the peak value for the strain

burst, respectrively. For the ZrssCus  Tijs TFMGs, it is easy to find the following relationship,

8, <<, . (5-11)

In addition, the strain rate after strain bursts returns to €,. As shown in Figs. 5-25 and 5-26,
the Zr4sCuy7TiisTa s and Zr;CuysTijgTass TFMGs also exhibit the similar phenomnon. With
increasing Ta content, the results of Zr4Cu;TisTa;s TFMGs is different from the previous
three specimens, shown in Fig. 5-27. From the time versus strain rate curve, the strain burst is
obviously smaller than that of the previous three specimens. The relationship in the

Zr14Cu;TisTazs TFMG can be expressed as following equation,

£ <é. . (5-12)
e b

To compare these results, €, 1s normalized by ¢_; and the stress, (o) is normalized by

the elastic modulus (E), for the four alloys as illustrated in Fig. 5-28. For the ZrssCus;Tiya,
Z145Cuy7TiisTays, and Zrs3;CuysTijgTass TFMGs, the values of €, are almost ~10* times of

¢, except for the early stage. In the case of the Zr;4Cu;TisTa7s TFMG, most of strain burst is

€
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at 10' s except for the final stage. As marked by circle in Fig. 5-28, the values for the strian

bursts are 10'~10% s\,

According to the literature of Schuh et al. [15,62], the inhomogeneous deformation is
also called as shear banding, in amorprhous alloys. The shear strain rate of shear bands ()
can be described by the following constitutive equation for the transient yield strength of a

metallic glass prior to any glass structure change by deformation,

Y= Ysexr{— A j (5-13)

where y, and AGs are a characteristic strain rate related to the critical local strain of STZs at

the beginning of shear bands and the activation free enthalpy to initiate deformation. Through

Argon’s analysis [15], AG, can be simplified to a form common in solid mechanics,

(z. 1)
AG, ~CQ ~>—7 | (5-14)
T

S

where C =4.6 isa constant, T, is the athermal stress required to initiate the critical shear

event, which occupies an activation volume Q.

Based on Eq. 5-13, the evolution of the y value is dependent on y, and AG,.
Considering the value of 7, this concept is similar to the activation of dislocation, shearing

a line of atoms to neighbor sites at some specific slip planes. The basic unit of dislocation is

the Burger’s vector. Similarly, according to Argon’s literature [15], the critical strain (7, ) to

activate one shear band would be the same in all amorphous alloys. We assume that the value
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of 7y, is constant in each alloy system. AG, (Eq. 5-14) would be the key influencing the
strain burst at steady state. To initiate the shear band, AG, 1is equal to zero while t is equal

to t,, meaning that shear band can start spontaneously. After the start of shear bands, in this

equation, we can discuss in two parts. The first is Q_; another is (t, — 1)’ / T, . In the initial
stage, since (1, —1)° / T, is so small, Q_  depending on the alloy systems dominates the key
for Eq. 5-14. A higher Q_ would lead to a slower strain burst. For the (x, —r)z/ T, term,

with increasing stress greater than t,, (t, —1)’/t, considerably increases inducing a drop

of AG,. This implies that the shear bands can propagate spontaneously much easily after
yielding. In Eq. 5-14, it is easily to found that the strain burst rate is influenced by the
activation volume at the early stage after yielding; and by the shear stress while shear stress

can activate sufficient STZs for cooperative movement.

Considering the role of Ta, the elastic modulus increases with increasing Ta content,
meaning that the bonding among atoms become tough by adding Ta [120]. To initiate shear
bands, a higher shear stress is needed to initiate shear bands at Ta-rich ZrCuTiTa TFMGs due
to a greater threshold of shear stress (t,). This is one of reasons to induce an increase of

AG, . Moreover, another factor influencing the value of AG, is activation volume, Q.

which can be conducted using cooperative shearing model (CSM), as following [121,122],

Q= (5-15)

where T, m, and H are temperature, strain rate sensitivity, and hardness, respectively. k is the
Boltzmann constant. C’ is a function of the threshold shear resistance at temperature T. It is

easily to understand that € is proportional to the inverse of mH (the product of m and H).
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The measured hardness and strain rate sensitivity is shown in Fig. 5-29(a). Figure 5-29(b)
indicates the value of mH increases with increasing Ta content. From Eq. 5-14, the activation
volume decreases with increasing Ta content. A smaller activation volume would make less

atoms move cooperatively along the shear direction. To combine Eqs. 5-14 and 5-15, we can

find that the trends of t, and € both indicate that AG, increases with increasing Ta

content. The decrease of ¥ is attributed to the increment of Ta content.

From structure aspect, many researchers claim that the obstacles, such as particles,
precipitates, or reinforcements, usually effectively cease shear bands [88,123,124]. Through
these methods, more shear bands can be initiated at the same time, abating the shear
localization. In our case, the role of Ta-rich nanoclusters is similar to the mentioned concept.
However, Ta-rich nanoclusters can not arrest the shear bands because the cluster size is too
small. These nanoclusters near shear bands must move along with shear band propagation.
The friction between the nanoclusters and amorphous matrix would not only exhausts the
kinetic energy of shear bands but also lower the free volume in shear bands, meaning that
shear bands cannot prorpregate immediately. More inititiation propagation events of shear
bands are needed to deform. In addition, the heat by the friction would lead to the relaxation
in the region which shear bands pass throguth. To initiate another event of shear band at the
same position, a higher stress is needed, called as work-hardening-like characteristic. This is
the phenomanon of multiple shear bands, causing the continuous-like deformation
characterisitc. The deformed Zr;4Cu;TisTas4 pillar exhibits the multiple shear bands, marked

in Fig. 5-30.

As mentioned above, the scope which influences the strain rate of strain burst can be
clearly described. However, the effect of activation volume still can not answer why faster

strain bursts occur at the final stage of compression in the Zr;4Cu;TisTa;s pillar. The
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characteristic of shear band propagation at a high stress level is the same as the typical shear
propagation, a rapid localized plastic deformation. A possible reason would be that the
friction between nanoclusters and matrix during propagation might be neglected due to a

sufficient energy input from a high applied stress, causing a cooperative movement of STZs.

5-4  Enhancement of mechanical properties of ZrCuTi TFMGs by

inserting high-strength nc-Ta layers under microcompression

5-4-1 Thickness effect of nc-Ta layers

In our previous study [114], the measured modulus or yield stress of multilayered
micropillars was compared with the calculated values based on the iso-stress rule of mixture
(ROM), but the calculated values are usually lower than the measured ones. Using the
measured modulus £ for the ZrCuTi (94 GPa) and Ta (220 GPa), the calculated modulus for
the ZrCuTi 50 nm/Ta 5 nm (99 GPa) and ZrCuTi 50 nm/Ta 50 nm (132 GPa) are still lower
than the measured ones (106 and 159 GPa for the ZrCuTi 50 nm/Ta 5 nm and ZrCuTi 50
nm/Ta 50 nm, respectively). The same happens to the yield stress. With the yield stress for the
ZrCuTi (1.71 GPa) and Ta (5.7 GPa), the calculated yield stress for the ZrCuTi 50 nm/Ta 5
nm (1.82 GPa) and ZrCuTi 50 nm/Ta 50 nm (2.63 GPa) are again lower than the measured
(1.90 and 3.15 GPa). The iso-stress ROM systematically underestimates the modulus and
yield stress for such amorphous/nanocrystalline multilayered micropillars. We intend to

analyze this effect from other aspects.

The simulation on the deformation behavior on metallic glassy alloys indicates that the
yield point of metallic glass mainly corresponds to the shear band propagation, not its

nucleation [66]. Thus, to probe the underlying reason for the enhancement in initial yield
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stress of Ta-layer-composited ZrCuTi pillars, it is necessary to consider the conditions needed
for shear bands propagation. Similar to crack propagation (Griffith criterion), a shear band
can only propagate an incremental distance if the strain energy relief associated with the
propagation is more than the energy relief increment of the shear band. Based on this
assumption, Volkert et al. [125] deduced an equation to calculate the critical stress required

for shear band formation:

o =+2"«E/H, (5-16)

where E and H are the Young modulus and the height of the pillar, respectively. The value of
K is estimated to be constant. Eq. 5-16 indicates that the magnitude of critical stress depends
on two variables: Young modulus E and the characteristic height H of amorphous geometric

2 Following the physical meaning of this equation, let us firstly

objects, namely, ¢ < (E/H)
estimate the critical stress of ZrCuTi/Ta pillars by taking no account of the contribution of
elastic deformation in metallic Ta layers to the propagation of shear band. This is because that
the Ta layers are too hard to be deformed when the ZrCuTi layers start to yield. Thus, we
have the remaining effective ZrCuTi height for the three pillars: 1.5 um for the monolithic

ZrCuTi pillar, 1.365 um for the ZrCuTi 50 nm/Ta 5 nm pillar, and 0.75 pm for the ZrCuTi 50

nm/Ta 50 nm pillar, as listed in Table 5-5.

For the monolithic ZrCuTi pillar, in this case, the critical stress can be obtained by the

v 2 the critical

stress-strain curves, that is about 1.71 GPa. Using this value and ¢ « (E/H)
stress for the ZrCuTi /Ta composited pillars as a function of their effective h and E can be
estimated. The theoretically calculated values and the experimentally measured data are

compared in Table 5-5. Note that the calculated values on yield stress for the ZrCuTi/Ta

composited pillars are in excellent agreement with the measured values, meaning that the
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ZrCuTi/Ta composited pillars deform in accordance to the amorphous geometric volume only
(not the hard Ta layers). Based on these yield stresses and the elastic strain levels at the yield
stress for these three pillars, the elastic energy can be calculated, as also compared in Table
5-5. It can be seen that increment of yield stress and elastic energy of ZrCuTi/Ta composited
pillars is originated mainly from the elastic deformation of ZrCuTi amorphous layers during
its initial compressive stage. The hard Ta layers did not contribute any for the elastic energy

increment.

5-4-2 Shear band propagation of Ta layer in a-ZrCuTi 50 nm/nc-Ta 50

nm micropillar

Figure 5-31 shows the high-magnification TEM bright field image of the deformed
ZrCuTi/Ta composited pillars. For the ZrCuTi 50 nm/Ta 5 nm pillar compressed to the
elastic-to-shear transition strain level, it is found that although the Ta layers are broken
completely in accommodating the pass-through of shear bands, several shear bands have
resided in the interior of sample, as marked by the white line in the Fig. 5-31(a). This means
that the 5 nm-thick Ta layers could somehow retard the shear band propagation by the
shear-through (or breakage) of the thin Ta layers. This can be evidenced by the observation
on the deformed ZrCuTi 50 nm/Ta 50 nm composited pillar before the happening of
penetrated shear banding events, as shown in Fig. 5-27(b), which shows that no shear band is
visible in the interior of the pillar. However, a lot of minor shear steps could be observed at
the ZrCuTi 50 nm/Ta 50 nm layer interfaces as marked by the white arrows in Fig. 5-31(b),
meaning that the shear behavior has happened. Furthermore, the angles between the shear
trace and the pillar top surface are also more than 45°, which is in agreement with what has

been reported for amorphous alloys under compression [126].
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In previous literatures [127-129], there was no apparent shear event happening in the 10
nm-thickness metallic glass layers geometrically confined by crystalline layers. However, for
the current 50 nm-thickness metallic glass layers, the shear events are still the main
deformation route, but the inclusion of Ta layers could mediate the deformability of the
ZCT/Ta composited pillars by modifying shear band propagation behavior in amorphous

ZrCuTi layers.

Moreover, by establishing the variation of the strain rate (dh/h, dt) as a function of time,
the formation as well as subsequent propagation of shear bands can be described. As shown
in Fig. 5-32, the strain rate for the ZrCuTi 50 nm/Ta 50 nm remains at 4 X 10™ s™ up to about
100 s. The strain rate at the engineering stress of 3.2 GPa rises to 6 X 10 s™. At 4 GPa, the
strain rate, moreover, starts to speed up at 130 s. Finally, while the stress reaches 4.5 GPa, the
strain burst happens at 140 s. Compared with the rapid propagation of the shear band in the
monolithic amorphous alloys, as shown in Fig. 5-24, the strain-rate evolution of the strain
burst is another evidence that Ta layers could retard effectively the propagation of shear

bands.

Now we analyze the underlying physical mechanisms of positive effects of Ta layer on
the propagation of shear bands in ZCT/Ta composited layers. Due to the significantly elastic
mismatch effects, a stress concentration should arise at the amorphous ZrCuTi/Ta interface
upon compression, which makes the interface being a preferentially initiation site for shear
band formation. On the other hand, the microcrack-like shear bands would interact with the
ductile Ta layers during the propagation process. Following classical fracture mechanics,
when a crack initiated in one block approaches the interface, it may penetrate the other block
or deflect along the interface. Based on the mechanical modes on ductile-brittle layers

composites [124,130], the propagation way for a crack located in a brittle layer with its crack
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approaching to a ductile layer depends on the magnitude of a non-dimension quantity: o/ay,
the ratio of the applied stress o to the uniaxial yield strength of the crystalline metal material
o0o. For the case of 6/6¢<l1, penetrating way applies; otherwise, deflecting way applies [130].
For this, the uniaxial yield strength of the monolithic Ta pillar with micrometer length has
been measured to be 5.7 GPa in our parallel study. Thus, for SOZCT/5Ta and 50ZCT/50Ta
composited pillars, the 6/6¢<1 is obtained for both cases, so the microcrack-like shear bands
choose preferably the way to pass through the Ta layer rather than deflecting along the
interface, in agreement with the TEM observations in Fig. 5-31(a). The penetrating way
exhibits relatively large stress concentration and is expected to result in local load sharing

which is beneficial for the formation of multiple shear bands.

However, for the amorphous ZrCuTi 50 nm/Ta 50 nm multilayers, the shear bands
extended into Ta layer in the form of shear steps but do not propagate through the Ta layers in
the elastic-to-shear stage, as shown in Fig. 5-31(b). This means that the 50 nm-thickness Ta
layers could effectively restrain the propagation of shear bands, in other words, the
deformation is realized by shear localization but shear bands do not evolve into cracks. This
will happen when the length scale of the glassy phase, i.e., the distance for shear bands
propagation becomes comparable with the plastic zone size [131]. Following this idea, it is
necessary to figure out the size of plastic zone, R, for the ZrCuTi/Ta composited pillars. The

plastic zone R, is defined as [132]:

R, =K}./2n0y, (5-17)

where Kjc is plain-strain fracture toughness and oy is the yield strength. In ductile-brittle

layers composites, under penetrating way applied conditions [130],
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K,=0y+v2n-h, (5-18)

where /4 is the thickness of plastic-metal layers. Consequently, an estimate of the plastic zone

size on the amorphous/metallic laminates from Eqgs. 5-17 and 5-18 is given:

R =h. (5-19)

This means that the plastic zone of amorphous/crystalline composited pillars equals to the
thickness of plastically crystalline layers. For the 50ZCT/50Ta composited pillars, the size of
plastic zone R, (=h=50 nm) is comparable to the characteristic length for shear propagation in
the amorphous ZrCuTi constrained layers. Thus, the deformation will occur by shear
localization but shear bands do not involve into cracks. However, with the rapid increment of
yield stress, the strain energy will increase to a critical value leading to the happen of shear
event penetrating the whole pillar. On the other hand, for the ZrCuTi 50 nm/Ta 5 nm
composited pillar, the characteristic length for shear propagation is much larger than the R,
(=h=5 nm), accordingly, shear bands can pass through the Ta layers. Nevertheless, the break
of Ta layers by extensively plastic deformation can still absorb some kinetic energy of shear
bands, and thus reduces the likelihood to form one that is as excessively hot and dangerous as

those in monolithic amorphous samples [132].

In evaluating the effects of Ta layers on the propagation of shear bands of
amorphous/crystalline composited pillars, a lot of assumptions should be made about the
formation and propagation of shear bands. Nevertheless, the basic assumption of

microcrack-like shear banding behavior used in our study is acceptable because it is deduced
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by an energy-driving viewpoint, in which a shear band will only propagate if this results in a
reduction in the energy of the system. Thus, energetic arguments can predict directionally the
metallic layer-mediated mechanical response in amorphous/crystalline composited pillars,

independent of the other detailed assumptions.

Concluding speaking, the analysis of the deformed a-ZrCuTi/nc-Ta nanolaminate
micropillar indicates that the deformation always starts from the weakest position. In the
a-ZrssCus Tija/nc-Ta system, the weaker material is a-ZrssCus Tij4 layers with an yield
strength of ~1.7 GPa. Supposing that the a-ZrssCus; Tii4 layer is the material yielding first, we
can estimate a model to describe how a-ZrCuTi/nc-Ta micropillar deforms, as shown in Fig.
5-33. At the initial stage (stage A), there is the micropillar without stress and strain. With
increasing stress, the shear bands are initiated at the top a-ZrssCus;Tij4 layer along the shear
plane of ~46° to the interface. During the shear band propagation (stage B), the strain
reaching ~2% corresponds to the 1st yielding. The nc-Ta layers serve as the obstacle for the
shear band propagation. Hence, we can understand that the arising stress is needed to
overcome the shear resistance of the obstacle layers. Two types of interaction between
a-ZrssCus Tij4 layers and nc-Ta ones occur. The first type is the deflection of shear band
along the layer-layer interfaces [133]. In their calculation, the threshold stress inducing the
deflection is much lower than that of shearing [134] This means the deflection of shear bands
always occurs at the compressive stress. Another one is the localized shear of the nc-Ta layer
caused by the shear bands from the a-layers [135]. At this time, the shear bands start to speed
up because of the activation and connection of the shear transition zones. With increasing
stress, the nc-Ta layers gradually lose the shear resistance due to the thinner thickness at the
position of the shear localization. However, from these results, these two types of the
deformation would occur at the same time. At this stage (stage C), the strain reaching ~7%

speed up again, implying the nc-Ta layer almost lose the shear resistance. At the last stage
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(stage D), the shear bands entirely overcome the obstacle and propagate rapidly,

corresponding to the 2™ yielding.
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(1)

2)

3)

(4)

)

(6)

Chapter 6 Conclusion

Utilizing the magnetron sputtering deposition technique, the binary ZrgCus; thin films
were successfully fabricated exhibiting amorphous structure. The measured elastic
modulus and hardness are ~96 GPa and 5.1 GPa, respectively.

By adding Ti in ZrCu amorphous matrix, the Zrs;CuyTi;9 TFMGs were also fabricated.
Comparing between ZrgCuz; TFMGs, The addition of Ti lead to a slightly ~6%
improvement both in elastic modulus and hardness.

Utilizing sub-T, annealing, the hardness of Zrs;CuyyTij9 increases from 5.2 GPa to 6.9
GPa (~30% increment). However, the elastic modulus almost remains constant from 102
to 111 GPa, meaning no crystallization occurs during sub-T, annealing. The hardness
increment is attributed to the denser atomic packing due to the annihilation of excess
free volume and the formation of medium-range ordering structure. The pronounced
increment in strength offers great opportunity for making a stronger MEMS device.
After structural relaxation, a looser, un-relaxed amorphous structure becomes a denser,
or relaxed amorphous structure. Due to the absence of excess free volume, relaxed
amorphous alloys would activate shear bands easily, leading to more pop-in events
occur in relaxed ZrgoCus; and ZrspCuyoTi;9 TFMGs.

According to the time-dependent mechanical characteristics of as-deposited and relaxed
Zr5;Cuy9Ti;9 TFMGs, the non-equilibrium deformed structure (open-volume atomic-size
defects) occurring in the loading segment would relax at the holding segment. Whatever
the effect of the loading rate in time-dependent nanoindentation tests, the displacement
decreases with increasing annealing temperature. This is another indirect evidence to
prove the reduction of the excess volume.

To strengthen the amorphous alloys by adding the high-strength Ta, the ZrCuTi
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(7)

(8)

)

amorphous alloys with immiscible Ta are successfully fabricated via co-sputtering. The
glass forming range is up to ~75 at% of immiscible Ta. Compared with similar systems
with the addition of immiscible element, the glass forming range via sputtering is much
wider than that via liquid-quenching. Also, the mechanical properties are also influenced
by the content of immiscible Ta; the elastic modulus and hardness both increase with
increasing Ta content. The highest values of elastic modulus and hardness of the current
TFMG films (in amorphous structure) reach ~140 GPa and ~10 GPa, respectively.
Except for the W-, Ni-, Co-, and Fe-based amorphous alloys, Ta-based TFMGs exhibit
the highest modulus and hardness values. According to TEM observations, no obvious
difference is seen in the ZrCuTi-rich and Ta-rich TFMG films. In other words, the
topological microstructure would not be the key factor in influencing the
micromechanical properties, but the local atomic bonding and packing would impose
direct influence. It is considered that the Ta-Ta strong self-bond is responsible for the
rapid increase in elastic modulus in the Ta-rich TFMGs.

From structure aspect, many researchers claim that the obstacles, such as particles,
precipitates, or reinforcements, usually effectively cease shear band. Through these
methods, more shear bands can be initiated at the same time, abating the shear
localization. In our case, the role of Ta-rich nanocluster in Ta-rich ZrCuTiTa TFMGs is
similar to the mentioned concept. However, Ta-rich nanoclusters do not arrest the shear
bands because the cluster size is too small. These nanoclusters in shear bands must move
following shear band propagation. The friction between these nanoclusters and matrix
exhausts the kinetic energy of shear bands. Shear bands can not propregate immediately.
More initiation propagation events of shear bands can are needed to deform, called
multiple shear-band characteristic.

The heat by the friction would lead to the relaxation in the region which shear bands

pass througth. To initiate another event of shear band in the same position, a higher
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stress is needed, called as work-hardening characteristic.

(10) To strengthen the amorphous alloys inserting the high-strength nanocrystalline Layers,
the improved mechanical performance has been demonstrated via inserting of
high-stiffness Ta layers to form composited microstructure, for micrometer-length
amorphous ZrCuTi alloys. Two underlying physical mechanisms are derived to account
for this phenomenon: on one hand, the ZrCuTi/Ta composited pillars deform according
to the amorphous geometric volume.

(11) On the other hand, different-thickness Ta layers results in different shear behavior by
forming equal-thickness plastic zone in the amorphous layers. The higher strength and
some plastic flow behavior presented here suggests that the high-stiffness
nanocrystalline-amorphous metallic composites approach is a viable route towards
developing advanced materials for microelectromechamical system (MEMS)

application.
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Table 2-1  Summary of compressive yield strengths obtained in this study for molybdenum

alloy micropillars of various sizes [78].

Nominal pillar

Number of valid tests

Measured area, A

Compressive yield

size, a (um) (;,Lmz) strength (GPa)
1.00 5 1.00£0.02 9.17+0.44
0.75 4 0.58+0.02 9.24+0.77
0.50 12 0.26£0.02 9.30£0.48
0.36 9 0.13£0.02 9.18t1.16

* Area were not measured for individual tests but based on 36 randomly chosen pillars.

Table 2-2 ~ Summary of the compressive stress/elastic modulus of the Zrgs sNijs2CujsAls

glass at different rates [85].

Sample size £~1x10"s" £~1x1075" £~1x107%s"
Bulk 2 mm 1600 MPa/80~90 GPa 1712 MPa/-- 1847 MPa/--
3.8 um 2088 MPa/77 GPa 1992 MPa/80 GPa 2054 MPa/79 GPa
1 pm 2496 MPa/63 GPa 2357 MPa/81 GPa 2365 MPa/85 GPa
700 nm 2972 MPa/81 GPa 2590 MPa/88 GPa 2733 MPa/72 GPa
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Table 3-1

Detail of the fabricated alloy thin films.

Condition
Specimen name Process Thickness (nm)
Zr Cu Ti
ZrsCus, Co-sputtering DC305W CuDC50W N/A ~2000
Zr5,CuyoTijg Co-sputtering DC 250 W Cu200W DC 140 W ~2200
Specimen name Process ZrCuTi Ta Thinkness

Zr55Cusz Tiy Alloy deposition ZrCuTi DC 300W N/A ~2000
Ta deposition N/A Ta DC 300W ~2400
ZrysCuyqTijsTa; Co-sputtering ZrCuTi DC 300W Ta DC 50W ~2200
Zr4;CuysTijpTay, Co-sputtering ZrCuTi DC 300W Ta DC 100W ~2200
Z13,Cuys5TijgTas Co-sputtering ZrCuTi DC 300W Ta DC 200W ~2400
Zry;CuypTigTasy Co-sputtering ZrCuTi DC 300W Ta DC 300W ~2400
Z119CugTi1;,Tagg Co-sputtering ZrCuTi DC 200W Ta DC 300W ~2200
Zr4Cu,TisTaz, Co-sputtering ZrCuTi DC 150W Ta DC 300W ~2200
ZroCusTisTag; Co-sputtering ZrCuTi DC 100W Ta DC 300W ~2200
Zr4,Cu;Ti,Tag, Co-sputtering ZrCuTi DC 50 W Ta DC 300W ~2200
ZrCuTi/Ta 50/50 Alternative deposition ZrCuTi DC 300W Ta DC 200W ~1600
ZrCuTi/Ta 50/5 Alternative deposition ~ ZrCuTi DC 300W Ta DC 200W ~1600
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Table 3-2 Microcompression test condition in a sereies of Zr-based TFMGs and

nanolaminate.

Material Final peak load (mN) Loading time (s)

Zrs55CuyoTijg 2 120

Zr,Cu, Ti Ta, 2 120

Zr31CuysTijoTags 2 120

Z114Cu;TisTaz, 3 180

nc-Ta 4 120

Z155Cu3;Tij4 50 nm/ Ta 50 nm 3 180

Z1r55Cu31Tij4 50 nm/ Ta 5 nm 2 120

Table 4-1  Basic properties of zirconium, copper, titanium, tantalum.

Density Atomic Atomic radii Melting Elastic modulus
(g/cm’)  weight (1&) point (K) (GPa)
Zr 6.51 91.22 1.58 [92] 2125 129 [114]
Cu 8.92 63.55 1.27 [92] 1356 135 [115]
Ti 4.507 47.87 1.46 [92] 1933 128 [116]
Ta 16.65  180.95 1.49 [92] 3269 221 [120]
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Table 4-2

Table 4-3

Zr Cu Ti Ta
Zr -23 0 +3
Cu -23 -9 +2
Ti 0 -9 +1
Ta +3 +2 +1

Heat of mixing among Zr, Cu, Ti, and Ta [97]. The unit is kJ/mole.

Elastic modulus of ZrCuTiTa alloy thin film at 0.05, 0.1, 0.5, 1 mNs™

Elastic modulus (GPa)

Materials

0.05 mNs™ 0.1 mNs™ 0.5 mNs™ 1 mNs™

ZrssCuz Tigg 93.5%1.79 94.3+2.60 93.9+1.28 97.9%11.31
Zr45Cuy;TiisTays 99.8+2.10 99.41+2.38 97.9+1.85 102.5£1.68
Zr41CupsTipTag 103.614.08 101.1£2.91 102.213.07 106.213.78
Z131CuysTijoTasg 103.212.60 104.2+2.17 104.2+0.93 103.8+4.09
Zr3Cuy;TigTasy 109.912.21 108.0£2.55 110.6+2.32 113.8+1.49
Zr19CugTi7Taeg 125.742.28 126.0%1.68 124.7£1.11 129.5%1.80
Zr14CuyTisTar, 139.913.80 135.812.69 139.22.19+ 143.412.67
Zr10CusTisTag, 174.5%£3.36 171.5%4.45 177.0£4.79 172.914.54
Zr4CusTi Tagy 203.416.25 201.8%4.45 208.1+4.88 206.215.20
Nanocrystalline Ta ~ 220.714.70 218.214.14 218.715.46 229.314.68
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Table 4-4  Hardness of ZrCuTiTa alloy thin film at 0.05, 0.1, 0.5, 1 mNs™.

Hardness (GPa)
Materials

0.05 mNs™ 0.1 mNs™ 0.5mNs™ 1 mNs™
Zrs5Cuz Tig 5.240.13 5.4%0.11 5.240.11 5.240.11
Zr45Cuy7TisTays 6.310.19 6.310.19 6.0+0.13 5.710.18
Zr41CupsTipTayy 6.910.28 6.810.31 6.910.28 6.710.20
Z131CuysTijgTasg 7.310.24 7.510.19 7.210.27 6.6710.31
Zr3Cu;TigTasy 7.610.25 7.5%0.32 7.410.28 7.410.22
Z119CugTi7Tagg 9.0+0.09 9.0+0.17 8.910.14 8.610.12
Zr14CuyTisTas, 10.010.14 10.0+0.18 10.0£0.30 9.710.23
Zr10CusTisTag, 15.940.50 16.0£0.47 16.0£0.50 14.610.40
Zr4Cu3Ti  Tag, 18.810.48 19.0£0.77 18.510.53 17.8£0.58
Nanocrystalline Ta 20.0+0.4 19.810.90 20.210.94 20.0£0.67
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Table 4-5 Mechanical properties of ZrCuTiTa TFMG and ZrCuTi/Ta multilayered

micropillars via microcompression tests.

€ E Oy
Material c,/E
) (GPa) (GPa)

ZrssCus Tiy 4.8x10™ 89.9 1.74 0.019
Zr45Cuy7TiysTas 3.7x10™ 98.5 2.08 0.021
Zr31CusTijoTasy 3.7x10™ 87.2 2.18 0.025

Zr14Cu;TisTaz, 3x10™ 145.1 3.26 0.02
Nanocrystalline Ta 4x10™ 170.0 5.77 0.03
ZCT 50 nm/Ta 5 nm 4x10™ 106.7 1.91 0.018
ZCT 50 nm/Ta 50 nm 4x10™ 158.8 3.12 0.02

Table 5-1  Basic properties Zr, Cu, Ti, -Ta and ZrssCusz; Tij4.

Atomic Melting point
Structure E (GPa) H (GPa)
weight (K)
Zr 91.22 HCP 2125 129 [114]  5.22[114]
1.7-2.8
Cu 63.55 FCC 1356 135 [115]
[115]
Ti 47.87 HCP 1933 128 [116]  2.11[116]
Zr55Cu31Ti14 76.57% amorphous -- 94 5.21
B-Ta 180.95 tetragonal 3269 221 20.05

* is estimated from
® is the glass transition point
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Table 5-2  Estimation of elastic modulus and hardness in ZrCuTi/Ta multilayer thin films.

Voigt model Reuss model Experiments

Samples E H E H E H

(GPa) (GPa) (GPa) (GPa) (GPa) (GPa)

ZrCuTi 50 nm/Ta 50 nm 157.1 12.6 131.4 8.3 137.9 8.0

ZrCuTi 50 nm/Ta 5 nm 99.9 6.0 96.3 5.4 106.3 5.0

Table 5-3  Point analysis of Zr4;Cuy3TijnTas TFMG.

Composition (at%)

Zr41CupsTii2Tayy

Zr Cu Ti Ta
White domain 41.5+1.10 20.612.42 11.8%1.72 26.5%1.05
Black domain 40.7+1.97 19.2+2.04 11.512.88 28.710.82
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Table 5-4  Point analysis of Zr3;Cu;sTijgTass TFMG.

Composition (at%)
Z131CuysTijoTas

Zr Cu Ti Ta
White domain 31.5£3.70 13.813.10 10.3+2.75 44.5+3.70
Black domain 32.012.94 12.514 .51 10.012.16 45.5%1.00

Table 5-5  The comparison of the theoretically calculated values and the experimentally

measured data for ZrCuTi/Ta composited pillars.

Young’s  ZCT height Calculated =~ Measured Elastic
modulus, in pillar, H/Hzcr  yield stress, yield stress,  energy,
Materials
GPa H, pm GPa GPa 107 J/m’
ZCT 94 1.5 1 - 1.71 2.62
50ZCT/5Ta 106 1.365 0.91 1.90 1.91 2.82
50ZCT/50Ta 159 0.75 0.5 3.15 3.20 6.2
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Fig. 1-1 A scheme of short-range-ordered structure [1].
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Fig. 1-2 A scheme of long-range-ordered structure [1].
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Fig. 1-3  Scheme of the shear transformation zone under shear deformation [3].

Fig. 1-4  The frame for the upscale models of the Vertu mobile phone is made of

liquidmetal alloy because of its high strength, hardness, and scratch resistance [4].
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Fig. 1-5 (a) A sketch of conical spring microactuator, and (b) a fundamental structure of

micro-switch made by metallic glass thin films [5].
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Fig. 2-1  Characteristics of metallic glasses [32].
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Fig. 2-2  New approach for understanding GFA of amorphous materials [35].
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Fig. 2-3 A schematic diagram of the splat quenching methods [36].
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Fig. 2-4 A schematic diagram of the two roller quenching method [36].

112



Melt Crucible

Heating
System
Free Melt Jet
; Molten Alloy
Rotating Puddle
Substrate
Wheel _—— Ribbon

4

Fig. 2-5 A schematic diagram of the chill block melt spinning [36].
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Fig. 2-6

A schematic diagram of the planar flow casting process [36].
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Fig. 2-7  TEM microstructure of a deposited Cu-Zr nanolaminate (38.8 nm Cu + 2.45 nm

Zr). Between the Cu layers are amorphous CusZr; layers [43].
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Fig. 2-8  (a) Crystallization temperatures for sputtered (O) and quenched (@) glassy
CuyZr alloys as a function of the composition. (b) Crystallization enthalpies for sputtered

(O) and quenched (@) glassy CuyZr_ alloys as a function of the composition [44].
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Fig. 2-9  Scanning electron micrograph of a cross section of an as-deposited Ag/Cu
laminate, displaying relatively flat, well-defined interfaces, etched to reveal a columnar
structure. Laminate growth was from bottom up. (b) Cross-section scanning electron
micrograph of the laminate, annealed for 24 h at 900 K and etched to reveal Cu grain

boundaries [52].

Fig. 2-10  High resolution election miscroscope images at the [-Ta/Cu interfaces of

samples (a) as-deposited and (b) annealed at 400°C for 30 min [53].
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Fig. 2-11  EDS depth profiles across the interfaces of samples (a) as-deposited and (b)
annealed at 400°C for 30 min, respectively. The dashed lines annotated are the physical
boundaries revealed in the HREM micrographs of Fig. 2-10 (a) and (b), respectively. Filled

symbols in (b) denote the high content of Cu in Ta [53].
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Fig. 2-12  X-ray diffraction patterns of the Cu-Ta alloy films [56].
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Fig. 2-13  Hardness variation with Ta concentration [56].
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Fig. 2-14  (a) Bright-field TEM image showing the microstructure, in cross-section, of the
as-deposited Cu-Nb 35 nm multilayers; (b) corresponding selected area diffraction pattern

showing the {111}Cu//{110}Nb//interface plane texture [57].
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Fig. 2-15 Bright-field TEM micrograph showing the cross-sectional view of the

microstructure of 75 nm Cu/Nb multilayer following 60 hours annealing at 700°C [57].
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Fig. 2-16  Effect of annealing time at 700°C on the hardness of the 75 nm and 35 nm

Cu/Nb multilayers [57].
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Fig. 2-17  Hardness of the 75 and 15 nm Cu/Nb multilayers following anneals for 30

minutes at the temperature shown [57].
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Fig. 2-18 Heats of mixing of the liquid/amorphous phase at various temperatures,
calculated by the CALPHAD method. In the present CALPHAD approach, the heat of
mixing is not temperature dependent below the assumed glass transition temperature of

627°C. Above this temperature, the heat of mixing increases with T dependence [58].
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Fig. 2-19  (a) Selected area electron diffraction pattern from the Cu-45 at. pct Nb film after
annealing at 200°C for 3 h. (b) Bright-field and (c) dark-field TEM images from the same

film after annealing at 200°C for 3 h [59].

Bt

A

Fig. 2-20  (a) High-resolution TEM image of a single FCC nanocrystal, viewed along the
[011] direction and exhibiting twin defects, embedded in the amorphous matrix of the Cu-45
at. pct Nb annealed film. (b) A higher-magnification image of the high-resolution TEM
micrograph shown in (a), exhibiting the detailed atomic structure of the nanocrystal and one

of the twin defects [59].
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Fig. 2-21  (a) Compositional profile corresponding to the 3DAP reconstructions. This
profile is averaged over a cylinder of diameter 4 nm passing through the center of the
reconstruction along its axis. (b) Section of the 3DAP reconstruction showing Cu-rich regions
(isosurface > 80 at. pct Cu in blue). The mass spectrum shown subsequently in (b)

corresponds to the specific FCC Cu nanoprecipitate marked (the circle) in the figure [59].
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Fig. 2-22  Schematic illustration showing the proposed model for serrated flow in bulk

metallic glasses [65].
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Fig. 2-23  Loading and unloading curves for the bulk glass Pd4oCusoNijoP20 (at.%). The
loading rate is 0.5 mNs '. The close-up of the loading curve shows the definition of the

depth increments. (b) SEM micrograph of an indent in a fully amorphous NizgTa;4C; thin

film [71].
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Fig. 2-24  Typical load—displacement (P-h) curves during nanoindentations at various

strain rate (0.05 s'l, 0.2 s'l, andl s'l) for (a) CuzsWes and (b) CugoWao. Only the loading

portions are shown and the curves are shifted [74].
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Fig. 2-25  SEM micrographs of the indents of (a) Cuz; W79, (b) CuzsWes, (¢) CugoW4o and

(d) Cuy; Wy alloy films. The strain rate adopted is 0.05 gt [74].

Fig. 2-26  Annular milling patterns have been used to FIB mill a roughly defined
microcompression sample and surrounding cavity. The pillar in the center of the cavity will
be further micro-machined to form a microcompression sample that is 5 um in diameter and
12 um in length. The bulk sample is a (269) oriented Ni single crystal, and the annular

milling pattern was machined for 240 min using a 5 nA beam [75,76].
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Fig. 2-27  (A) A 43 um diameter microcompression sample machined into a Niz(Al, Hf)
single crystal, where the gage length of this sample is approximately 90 um. The circular
pattern on the top surface of the sample is a fiducial mark used as part of an automated
machining program for the FIB. (B) A 2.3 um diameter microcompression sample
machined into a single-crystal Ni superalloy (UM-F19). The gage length of this
micro-sample is approximately 4.6 um. One can clearly observe the NisAl precipitates on

the surface of the micro-sample [75].

Fig. 2-28  Molybdenum alloy micropillars fabricated by selective etching of the matrix in
a NiAl-Mo directionally solidified eutectic: as-fabricated pillars with a nominal edge

dimension of 1 um [77].
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Fig. 2-29  Microcompression tests of molybdenum alloy pillars with sizes in the range
360-1000 nm: (a) compressive load—displacement curves; SEM images of micropillars with

nominal edge dimensions of (b) 750 nm, (¢) 500 nm and (d) 360 nm [77].
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Fig. 2-30  SEM micrographs showing the appearance of deformed pillars at a strain rate

1x10*s™": (a) 3.8 um, (b) 1 pm, and (c) 700 nm [85].
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Fig. 2-31  The microcompression engineering stress—strain curves of the 3.8 um, 1 pm

and 700 nm micropillars at different strain rates of 1 x 104! [85].
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Fig. 2-32  The correlation of fracture energy G with ratio u/B for all the collected data on
metallic glasses, as well as for oxide glasses. The divide between the tough and brittle

regimes is in the range (LW/B)crit =0.41-0.43 [86].
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Fig. 2-33  The correlation of fracture energy G with Poisson’s ratio v for all the collected
data on metallic glasses as well as for oxide glasses (the symbols are the same as Fig. 2-35).

The divide between the tough and brittle regimes is in the range v = 0.31-0.32 [86].

Fig. 2-34  Compressive failure of 60 Vi%-tungsten/Zra; »5T1;375Cu125Nij0Beas s composite.
Note that at the top cracks run from fiber to fiber, and longitudinal splitting and buckling

occur in fibers [87].
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Fig. 2-35  Comparison of 40 V%-tungsten and steel reinforced metallic glass matrix
composite compressive stress-strain properties. Ultimate strength is the same, and is not

significantly different from the unreinforced Zra; 25T11375Cu;2.5sNij0Bexa s [87].
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Fig. 2-36  Representative room-temperature compressive engineering stress-strain curves
for the as-cast 2 mm diameter compression specimens. The curves are shifted relative to

each other for clarity [88].
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Fig. 2-37  Observations on the fracture surface. (a) and (b) SEM backscattered electron
images showing the initiating and halting of microcrack traces on the interfaces of Mo
particle/amorphous matrix. (c) and (d) The deformation and fracture behavior inside the

porous Mo particles [88].
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Fig. 3-1  Flow chart of the experiment procedures.

c0mp0s1t10n
characteristics

131



Weight Percent Zirconium

1300
1200
1100
1084.87°C
& 1000
& b
bl F i
5 0r 8o 5, 935°C " gagec 4
- . Pl W
= sood () gasec 1 B95°C,“Rop '..
2 e i
E s 4885
= . azzeC 978y
4 800 ‘_‘,‘ 8
= o
s
00
. (o1 )]
e £ “
890 EER = &
= = = =
L&) [+ o L= [ %]
L I— SEE— N 0 ) — S N —
il 10 20 30 40 50 60 70 8o a0 100
Cu Atomic Percent Zirconium 7r
Fig. 3-2  Binary phase diagrams of Zr-Cu.
g.1
Titanium

HCP

Maole Frachon £r
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system at 703°C [91].
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Fig. 4-1  SEI images of the as-deposited (a) ZrCu and (b) ZrCuTi thin film metallic

glasses.
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Fig. 4-2  XRD patterns of ZrgCus; and ZrsyCuyoTijg thin films.
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Fig. 4-3  XRD patterns of Zrs;Cuy9Ti;9 and ZrssCus; Tij4 thin films.
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Fig. 4-4  The displacement-load curves of ZrgCus; thin film metallic glass with five

loading cycles at 5 mN/s.
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Fig. 4-5  The stiffness of ZrgCus; using the fitting for the linear part of the unloading

curve.
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Fig. 4-6  Mechanical properties of the ZrgCus; thin film metallic glass at different

loading rates from 0.01 to 5 mNs™
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Fig. 4-7  XRD patterns of the ZrgCus; co-sputtered thin film metallic glasses under the

as-deposited and after annealing at 473 K for 60 minutes.
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Fig. 4-8  DSC scan of the ZrssCus Tij4 TFMGs.
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Fig. 4-9  XRD patterns of the co-sputtered ZrCuTi thin film metallic glasses undet the

as-posited and after annealing at 473 K and 563 K, respectively.
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Fig. 4-10  Evolution of the elastic modulus and hardness of as-deposited and annealed

ZrsoCunoTijo TEMGs. The test rate is 0.05 mNs™.
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Fig. 4-11  The displacement-load curves of (a) the ZrgoCus; (ZC) thin film metallic glass
and (b) ZrgCus; (ZC200) thin film metallic glass annealed at 473 K for 60 minutes with

different loading rates from 0.01 to 1 mN/s.
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Fig. 4-12  The P-h curves of (a) ZCT, (b) ZCT200, and (c) ZCT290 specimens at

different loading rates from 0.01 to 1 mN/s.
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Fig. 4-14  XRD diffraction patterns of the ZrCuTiTa alloy thin films.
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Fig. 4-13  Composition variation of the ZrCuTiTa TFMGs.
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Fig. 4-15  Bright-field TEM images of (a) ZrssCuy;TijsTass, (b) ZrsCupsTijnTays, (c)
Zr31Cu15Ti10Ta44, (d) Zr23Cu12TigTa57, (e) Zr19Cu6Ti7Ta6g, (f) Zr14Cu7Ti5Ta74, (g)
Zr9oCusTizTags, (h) ZrsCusTijTag,, and (i) nanocrystalline pure Ta (with inserted selected

area diffraction patterns).
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Fig. 4-16  Relationship between (a) elastic modulus and (b) hardness of ZrCuTiTa alloy
thin films and Ta content. The experimental values of elastic modulus and hardness are

measured by nanoindentation.
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Fig. 4-17  The P-h curves of Zr-rich (a) ZrssCuy;TiisTas, (b) Zrs;CusTinTazs, and (c)

Zr31CusTijgTass thin film metallic glasses with different loading rates from 0.05 to 1 mN/s.
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Fig. 4-18  The P-h curves of Ta-rich (a) Zry;Cuj,TigTass, (b) Zri9CueTisTags, and (c)

Zr14CuyTisTaz4 thin film metallic glasses with different loading rates from 0.05 to 1 mN/s.
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Fig. 4-19  The P-h curves of (a) ZryCusTizTags, (b) ZrsCusTi;Tag,, and (c) nanocrystalline

pure Ta thin films with different loading rates from 0.05 to 1 mN/s.

146



Fig. 4-20 Indentation marks of (a) ZrssCup7TijsTaps, (b) ZraiCuxsTinTaz, (c)
Zr31Cu15Ti10Ta44, (d) Zr23Cu12TigTa57, (e) Zr19Cu6Ti7Ta63, (f) Zr14Cu7Ti5Ta74, (g)
Zr9CusTi3Tags, and (h) ZrsCusTi;Tag,. All tests are set at 0.05 s with a constant present of

equal to 1000 nm.
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Fig. 4-21  Indentation marks of (a) ZrssCus; Tij4 and (b) p-Ta thin films.

Fig. 4-22 Bright-field TEM images of the amorphous-ZrCuTi/crystalline-Ta
nanocomposites consisting of (a) 50 nm/50 nm and (b) 50 nm/5 nm nanolaminate structure,

respectively. The arrow direction means the deposition direction.
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Fig. 4-23  XRD patterns of the ZrCuTi/Ta multilayered thin film consisting of (a) 50

nm/50 nm and (b) 50 nm/5 nm nanolaminate structure.
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Fig. 4-24  (a) Elastic modulus and (b) hardbess of amorphous-ZrCuTi/crystalline-Ta
nanocomposite consisting of 50 nm/50 nm and 50 nm/5 nm nanolaminate structure from

0.05 to 1 mN/s.
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Fig. 4-25 The P-h curves of (a) amorphous-ZrCuTi/crystalline-Ta nanocomposite
consisting of 50 nm/50 nm nanolaminate structure and (b) amorphous-ZrCuTi/crystalline-Ta

nanocomposite consisting of 50 nm/5 nm nanolaminate structure with differenct loading

rates from 0.05 to 1 mN/s.

Fig. 4-26  Morphology of indentation marks of (a) ZrCuTi 50 nm/Ta 50 nm and (b)

ZrCuTi 50 nm/ Ta 5 nm.
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Fig. 4-27 Stress-strain curve of Zr3;Cu;sTijgTass in the elastic range. The dash line is

calculated by the linear extrapolation.

Fig. 4-28  Appearance of (a) as-fabricated and (b) elastic-deformed micropillar of

Zr31Cu15Ti10Ta44.
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Fig. 4-29  Engineering stress-strain curves of the micropillars of (a) ZrssCus Tis, (b)

Zr45Cu27Ti15Ta13 TFMGS, (C) ZI‘31CU15Ti10Ta44 TFMGS, and (d) Zr14Cu7Ti5Ta74 TFMGs.
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Fig. 4-30  Deformed micropillars of (a) ZrssCus Tija (b) ZrysCuy;TiisTa;s TEFMGs, (c)

Zr31Cu15Ti10Ta44 TFMGS, and (d) Zr14Cu7Ti5Ta74 TFMGs.
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Fig. 4-31 Engineering stress-strain curve of nanocrystalline pure Ta micropillar

at 4x10™ s,

Fig. 4-32  Deformed micropillar of Ta.
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Fig. 4-33  Engineering stress-strain curves of (a) ZrCuTi 50 nm/Ta 50 nm and (b) ZrCuTi

50 nm/Ta 5 nm.

Fig. 4-34  Deformed micropillars of (a) ZrCuTi 50 nm/Ta 50 nm and (b) ZrCuTi 5 nm/Ta

50 nm.

155



ZCT 50nm/Ta 50 nm

_ -4 -1
g 4 | 3.0x10™" s
)
Nt
23
e
)
7]
22
=
]
£l
=)
D

0 ! ! ! !

0 2 4 6 8

Engineering strain (%)

Fig. 4-35 (a) Engineering curve of ZrCuTi 50 nm/Ta 50 nm at ~5% strain. (b) Deformed

micropillar at ~5%.
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Fig. 5-1  Comparison of the doping depth of oxygen among as-deposited and annealed

ZrCuTi TFMGs.
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Fig. 5-2  Relationship between the hardness and the ratio of oxygen layer/film thickness

(ho/hy).
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Fig. 5-3  The high-resolution TEM image of (a) specimen ZCT, (b) specimen ZCT200,
and (c) specimen ZCT290. The marked circles correspond to the medium-range-ordering
clusters. (d), (e), and (f) show the Fourier transform diffraction patterns for the white

squares in (a), (b) and (c), respectively.
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Fig. 5-4  The variation of hardness with the microstructural change. The FWHM is
calculated from the (a) XRD and (b) TEM results, respectively, utilizing the peak fitting

with the amplitude version of Gaussian peak function.
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Fig. 5-5  Evolution of atomic packing in amorphous alloy after structural relaxation [99].
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Fig. 5-6  P-h curves of Zrs;CuyeTij9 TFMGs at as-deposited and annealed statue. The

interval between neighbor curves is 25 nm.
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Fig. 5-7  Relation between the strain rate and load versus indentation displacement for (a)

ZCT, (b) ZCT200, and (c) ZCT290.
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Fig. 5-8  The schematic drawings of metallic glass showing the models of dynamics
recovery during cyclic loading: (a) the dynamic recovery model of reversible relaxation
centers (RRCs) with a symmetry potential barrier which causes the local elastic events
during the cyclic loading process, (b) the dynamic recovery model of irreversible relaxation
centers (IRRCs) with an asymmetry potential barrier which causes the local plastic events
during the cyclic loading process. (For interpretation of the references to colour in this

figure legend, the reader is referred to the web version of this article) [108].
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Fig. 5-13  Relationship between the amorphous hump position and the Ta content
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Fig. 5-14  Relationship between peak position and elastic modulus in a series of

ZrCuTiTa TFMGs.

165



(a) o% (b
o

OZr OCu OTi OTa

Fig. 5-15  Schemes of atomic packing in (a) ZrssCuy;Ti;sTa;s and (b) Zr4Cu;TisTay

TFMGs.
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Fig. 5-16  Relationship between peak position and FWHM in a series of ZrCuTiTa

TFMGs.
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Fig. 5-17 Z-contrast image of (a) ZrssCupTijsTars, (b) ZrgCuxsTinTaz, (c)

Zr31Cu15Ti10Ta44, (d) ZI‘23CL112Ti8T3,57, (e) ZI'19CL16Ti7Ta6g, and (f) Zr14Cu7Ti5Ta74 TFMGs.
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Crystallization of Zr;4Cu;TisTazs TFMGs by annealing.
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Fig. 5-21 (a) Lattice image and (b) FFT pattern of Zr4sCuy;Ti;sTa;3 TFMGs. (¢) Lattice
image and (d) FFT pattern of ZrsCup;Ti;2Tazs TFMGs. (e) Lattice image and (f) FFT

pattern of Zr3;Cu;sTij9Tasgs TFMGs.
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Fig. 5-22  (a) Lattice image and (b) FFT pattern of Zr,3Cu,,TigTas; TFMGs. (c) Lattice
image and (d) FFT pattern of Zr;9CusTi;Tags TFMGs. (e) Lattice image and (f) FFT pattern

of Zr14Cu7Ti5Ta74 TFMGs.

171



Fig. 5-23  High-magnified lattice image of Zr4Cu;TisTazs TFMGs.
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Fig. 5-24  Time-strain rate curve of amoprhous ZrssCusz;Ti 4 pillar.
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Fig. 5-27  Time-strain rate curve of amoprhous Zr;4Cu7TisTa4 pillar.
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Fig. 5-29  Relationship between (a) strain rate sensitivity and hardness, (b) the product of

the strain rate sensitivity and hardness and Ta content.

Fig. 5-30  High-magnification SEM image of deformed Zr4Cu;TisTa4 pillar. Multiple

shear bands are marked using arrows.
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'~ Shear steps

Fig. 5-31  The high-magnification TEM bright field images of the deformed (a) ZrCuTi
50 nm/Ta 5 nm pillar and (b) ZrCuTi 50 nm/Ta 50 nm pillar. The strain levels for (a) and (b)

are both for the elastic-to-shear transition stage).
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Fig. 5-32  Relationship between time and strain rate.
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Shear band propagation

Fig. 5-33  Deformation mechanism of the amorphous ZrCuTi 50 nm/nanocrystalline Ta

50 nm nanolaminate micropillar.
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